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ABSTRACT 
Bulk metallic glasses have interesting combination of physical, chemical, mechanical, and 
magnetic properties which make them attractive for a variety of applications.  Consequently 
there has been a lot of interest in understanding the structure and properties of these materials.  
More varied applications can be sought if one understands the reasons for glass formation and 
the methods to control them. The glass-forming ability (GFA) of alloys can be substantially 
increased by a proper selection of alloying elements and the chemical composition of the alloy. 
High GFA will enable in obtaining large section thickness of amorphous alloys. Ability to 
produce glassy alloys in larger section thicknesses enables exploitation of these advanced 
materials for a variety of different applications.   
The technique of mechanical alloying (MA) is a powerful non-equilibrium processing technique 
and is known to produce glassy (or amorphous) alloys in several alloy systems. Metallic 
amorphous alloys have been produced by MA starting from either blended elemental metal 
powders or pre-alloyed powders.  Subsequently, these amorphous alloy powders could be 
consolidated to full density in the temperature range between the glass transition and 
crystallization temperatures, where the amorphous phase has a very low viscosity. This 
Dissertation focuses on identifying the various Fe-based multicomponent alloy systems that can 
be amorphized using the MA technique, studying the GFA of alloys with emphasis on improving 
it, and also on analyzing the effect of extended milling time on the constitution of the amorphous 
alloy powder produced at earlier times. 
The Dissertation contains seven chapters, where the lead chapter deals with the background, 
history and introduction to bulk metallic glasses. The following four chapters are the 
published/to be published work, where the criterion for predicting glass formation, effect of 
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Niobium addition on glass-forming ability (GFA), lattice contraction on amorphization, effect of 
Carbon addition on GFA, and observation of  mechanical crystallization in Fe-based systems 
have been discussed. The subsequent chapter briefly mentions about the consolidation of 
amorphous powders and presents results of hot pressing and spark plasma sintering on one of the 
alloy systems. The final chapter summarizes the Dissertation and suggests some prospective 
research work that can be taken up in future. 
 The Dissertation emphasizes the glass-forming ability, i.e., the ease with which 
amorphization can occur. In this work the milling time required for amorphization was the 
indicator/measure of GFA. Although the ultimate aim of this work was to consolidate the Fe-
based amorphous alloy powders into bulk so as to undertake mechanical characterization, 
however, it was first necessary to study the glass forming aspect in the different alloy systems. 
By doing this a stage has been reached, where different options are available with respect to 
amorphous phase-forming compositions and the knowledge to improve glass-forming ability via 
the mechanical alloying technique.  This will be ultimately useful in the powder compaction 
process into various shapes and sizes at optimum pressure and temperature. The study on 
mechanical crystallization indicates, or in a way defines, a limit to the process of amorphization, 
and it was also demonstrated that this phenomenon is more common in occurrence than and not 
as restricted as it was earlier reported to be.  
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CHAPTER 1:  
 INTRODUCTION 
In the present time, the drive to save fuel and reduce environmental pollution has entailed the 
need for materials with high performance. Also the production of near-net shape parts has been 
seen very economical from the energy point of view. In the given scenario, much focus has been 
directed on advanced materials including bulk metallic glasses (BMG) because of their 
exceptional combination of properties that qualifies them as an excellent material for industrial 
exploitation. It has been found that BMG exhibit excellent properties such as ultra high strength, 
large elastic strain, high corrosion resistance, good soft magnetic properties, surface super 
flatness and viscous deformability, due to their unique structures of dense and random atomic 
configuration. 
1.1 Historical Overview 
The first glassy alloy was synthesized by rapid solidification processing in 1960 [1] by Pol 
Duwez in Caltech, USA. He found that when an alloy of Au75Si25 was quenched rapidly at a rate 
of about 106 oC s-1, the constituent atoms had very little time to rearrange themselves to form 
crystalline nuclei. The liquid reached a temperature below the glass transition temperature, Tg, 
and solidified as a metallic glass. It was understood that the process of nucleation and growth of 
the crystalline phase could be kinetically bypassed in alloy systems to yield a frozen liquid 
configuration. This metallic glass obtained was in the thickness range of a few micrometers. 
Research on metallic glasses gained momentum during the 1970’s and 1980’s when continuous 
casting processes for commercial manufacturing of metallic glass ribbons and sheets were 
developed [2].  Since the requirement of high cooling rates limits the glassy alloy geometry to 
thin sheets, powders and ribbons, significant emphasis was given to develop new methods 
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capable of producing bulk form of metallic glasses. The term ‘bulk’ has been used to define 
metallic glasses with thicknesses in the millimeter range.   In 1969, Chen and Turnbull [3] 
formed amorphous spheres of ternary Pd-M-Si (M = Ag, Cu, Au) at critical cooling rates of 
about 100 oC s-1 to 1000 oCs-1, e.g. Pd77.5Cu6Si16.5 with a diameter of 0.5 mm.    In 1974, Chen 
[4] obtained a critical casting thickness of 1 mm in Pd-T-P (T = Ni, Co, Fe). In 1982, Turnbull 
and coworkers [5, 6], successfully prepared the well known Pd-Ni-P – the first BMG - with a 
critical thickness of 1 cm by using boron oxide as a flux to eliminate heterogeneous nucleation 
sites in the melt. They proposed a parameter Trg (reduced glass transition temperature = Tg/ Tl) 
that can be used as a criterion to determine the glass-forming ability (GFA) of the alloys, also 
known as the “Turnbull criterion” [7]. According to this criterion, a liquid with Trg ≥ 2/3 
becomes very sluggish on laboratory time scale thus delaying crystallization and thereby can be 
easily supercooled to the glassy state with a low cooling rate. 
In the 1980’s, a variety of solid-state amorphization techniques, based on a mechanism 
completely different from that of rapid quenching, were developed [8].  These included methods 
such as mechanical alloying, diffusion induced amorphization in multilayers, ion beam mixing, 
and hydrogen absorption,. In the late 1980’s, Inoue et al. at the Tohoku University in Sendai, 
Japan succeeded in finding new multicomponent alloy systems consisting mainly of common 
metallic elements that could be produced in a glassy state at low critical cooling rates [9]. Having 
systematically investigated the GFA of ternary alloys of rare-earth materials with Al, exceptional 
GFA was observed in rare-earth based alloys, for example, La-Al-Ni and La-Al-Cu. By casting 
the alloy melt in water-cooled Cu molds, they obtained completely glassy rods and sheets with 
thicknesses of several millimeters. Based on this work, the researchers synthesized similar 
quaternary and quinary amorphous alloys (e.g. La-Al-Cu-Ni and La-Al-Cu-Ni-Co BMG’s) at 
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cooling rates below 100 K/s and it was seen that the critical casting thickness could reach several 
centimeters. 
The formation of multicomponent BMGs in a number of alloy systems demonstrated that 
excellent GFA is ubiquitous and not confined to just Pd-based alloys. The work of Inoue opened 
the door to the design of new families of BMG’s [4, 9-11]. Various BMG’s have been developed 
including Mg-Cu-Y, La-Al-Ni, Zr-Al-Ni-Cu, Zr-Al-Ni-Cu-(Ti,Nb), Zr-Ti-Cu-Ni-Be, Ti-Ni-Cu-
Sn, Cu-Zr-Ti-Ni, Nd-Fe-Co-Al, La-Al-Ni, Pr-Cu-Ni-Al, Pd-Ni-Cu-P, etc. Till 1990 the BMG’s 
prepared were only based on Pd and Pt systems. Later, by 1993 many systems were explored and 
BMG’s were obtained in Ln-, Mg-, Zr-based system [12-17] . However, till 1993 the BMG’s 
produced were limited to non-ferrous metal based systems and no bulk amorphous alloy with 
ferromagnetism at room temperature was obtained. In 1995, based on the success of producing 
glassy phases in various alloy systems with high GFA, Inoue proposed three empirical rules for 
producing BMG’s. These were:  
(i) Alloy systems should contain a minimum of three constituent elements,  
(ii) the atomic size difference between the main constituent elements should be more 
than 12%, and  
(iii) the main constituent elements of the system should have a large negative heat of 
mixing.   
Based on these criteria, Fe-based BMG’s were successfully produced [18-20]. It is apparent that 
BMG’s have been developed in the sequence beginning with the expensive metallic-based Pd-, 
Pt- and Au-, followed by less expensive Zr-, Ti-, Ni- and Ln-based BMG’s. Most recently 
developed alloy glasses include the cheaper ones, viz., Fe-, Cu-, and Mg-based BMG’s. The low- 
cost metallic based BMG’s have attracted attention because of their huge potential towards 
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industrial applications. Multicomponent BMG’s are discussed system-wise in the later sections 
of this chapter. 
Very recently some binary alloy BMG’s such as Ca-Al [21], Pd-Si [22], Cu-Zr [23-25]  
Ni-Nb [26] and Cu-Hf [24] were produced with diameter up to 2 mm. This result demonstrated 
that simple alloys can also possess high GFA and that the empirical criterion of having a 
multicomponent alloy with at least three elements does not appear to be a necessary requirement 
for designing BMG’s. Based on these findings, more new BMG systems can be identified and 
developed by minor additions in simple binary BMG forming alloys. From a fundamental 
research point of view these simple binary BMG systems are ideal for studying some long-
standing issues of materials behavior in the supercooled state. Computer modeling and 
simulation will be much easier since less number of elements is involved.  However, it is 
important to note that the maximum thickness of these simple binary alloys is limited to <2 mm 
and therefore, if larger cross-section BMG’s are required the minimum number of elements is 
still three.   
1.2 Significance and Application 
When a conventional metal or alloy cools from the liquid phase, a state of equilibrium is reached 
when it solidifies into its lowest energy state structure, i.e., a crystalline lattice. Metals take 
advantage of the highly unstable metallic liquid and crystallize just below the melting point in 
microseconds. But, rather than forming a perfect single crystal, most metals are polycrystalline, 
with grains of varying shapes and sizes. Grain boundaries represent weak spots with less than 
optimal atomic packing, where fracture can occur and corrosion starts. Misaligned planes of 
atoms, under sufficient stress and heat, slip pass each other easily, allowing dislocations to move. 
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As a result, metals have a much lower strength than their theoretical maximum and, since energy 
goes into moving the atoms, deformation is plastic and permanent. 
 In contrast, a metallic glass has such slow crystal nucleation and growth kinetics that the 
liquid can be undercooled far below its melting point before a glass transition is reached, 
freezing as a vitreous solid without crystallizing. The atoms are arranged in a random manner in 
the amorphous structure. In densely packed amorphous structure, the displacement of atoms is 
obstructed. A metallic glass therefore absorbs less energy upon stress-induced deformation 
through damping and returns to its initial shape rebounding elastically. With no crystal defects, 
the mechanical properties of typical metallic glasses are as follows: 
- strength (twice that of stainless steel, but lighter) (in the case of Zr-Ti-Cu-Ni-Be alloy) 
- High hardness (for surface coatings)  
- Toughness ( more fracture resistant than ceramics)  
- Elasticity ( Low modulus of elasticity) 
The absence of grain boundaries means that the material is resistant to corrosion and wear, as 
well as possessing soft magnetic properties, specifically in the glass-forming alloys containing 
B, Si, P and ferromagnetic transition metals (Fe, Co, Ni). High electrical resistivity leads to low 
eddy current losses. Easy magnetization and demagnetization allows lower losses in 
applications, operation at high temperatures with minimal flux density reduction and annealing. 
Apart from the research being conducted on improvement and utilization of BMG’s, they 
already find some applications. The principal areas of application are sports, luxury goods, 
electronics, medical, and defense sectors. The first application to be found was as golf club 
heads. Twice as hard and four times as elastic as Ti drivers, 99% of the impact energy from a 
BMG head is transferred to the ball. BMG’s have also been used to produce stronger, lighter and 
more easily molded castings for personal electronic products. However, the cost of production 
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and limitation in manufacturing process has made the items less cost effective. The sporting 
goods like tennis rackets, skis, snowboards, fishing equipment, hunting bows, guns, scuba gear, 
marine applications and bicycle frames have been identified as areas of potential application. It 
is also thought to be used in watch cases and jewelry products. In the field of medicine Vitreloy 
(Zr-based BMG) has been used as the material in knee-replacement devices. This is because of 
its high biocompatibility, non-allergenic nature which is ideal for corrosion and wear resistant 
medical application. 
In defense and aerospace applications efforts are being made to produce tungsten-
reinforced BMG-composite kinetic energy penetrators. This can replace depleted uranium 
penetrators in anti tank armor-piercing projectiles because of their similar density and self 
sharpening behavior, unlike most crystalline metal projectiles, that flatten on impact. Application 
for casing of light fragmentation bombs is also being worked upon. The hi-end application of 
BMG’s has been demonstrated by NASA in its Discovery program, August 2001, the launch of 
Genesis spacecraft, with the aim of collecting samples of solar wind. It was expected to capture 
10-20 µg of solar wind particles and ions using five, 1m diameter circular passive collector 
arrays. Each array consists of 55, 10 cm hexagonal tiles and is coated with amorphous Zr-Nb-
Cu-Ni-Al alloy which absorbs and retains the noble gases He and Ne [27]. Bulk metallic glasses 
that are lightweight and inexpensive (e.g. Al-based alloys) are being developed for structural 
applications in a multi-institution program of the US Department of Defense (DoD), which 
includes: 
  team at the Centre for Science and Engineering of Materials led by Caltech’s 
Johnson, is investigating the processing, microstructure, and mechanical behavior of 
Zr56.3Ti13.8Cu6.9Ni5.6Nb5.0Be12.5 and other two-phase alloys. 
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 The Defense Advanced Research Projects Agency (DARPA) has sponsored a 
three-year, $10 million program, to develop low-cost, environmentally benign manufacturing of 
corrosion-resistant, reduced-magnetic-mass hull materials; moderate temperature lightweight Fe, 
Al, Ti, Mg and refractory metal alloys for aircraft and rocket propulsion and wear resistant 
machinery components for vehicles with increased life span, durability, performance and 
reduced maintenance. Other subprograms involving exploitation of deformation and fracture at 
high strain rates in high density composites and production of components with isotropic 
properties are being carried out. 
 Over the last several decades, Fe-based amorphous alloys have received considerable 
attention because of their high strength, high hardness, and high corrosion-resistance properties.  
These are also potential candidates as precursors for nanocrystalline soft magnetic materials. 
Further details on Fe-based alloys are described in subsequent sections. 
As mentioned earlier BMG’s were developed in the sequence starting with expensive Pd-
, Pt- and Au-based alloys, followed by Zr-, Ti-, Ni-, and Ln-based alloys which are less 
expensive. Much cheaper alloy systems, based on Fe and Cu were developed after 1995. The 
chronology of development of various families of BMG’s is listed in Table 1.1.  
Table 1.1: Chronology of development of BMGs 
 
BMG Systems Year BMG Systems Year 
Pd-Cu-Si 1974 Fe-Mn-Mo-Cr-C-B 2002 
Pt-Ni-P 1975 Ca-Mg-Cu 2002 
Au-Si-Ge 1975 Ni-Nb-(Sn-Ti) 2003 
Pd-Ni-P 1982 Pr(Nd)-(Cu, Ni)-Al 2003 
Nd-Fe-B 1984 Nd-Fe-Al 2004 
Mg-Ln-Cu (Ln- Lanthanide) 1988 Ni-Zr-Nb-Al 2004 
Ln-Al-TM (TM- Transition Metal) 1989 Al-Co-Zr 2004 
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BMG Systems Year BMG Systems Year 
Zr-Ti-Al-TM 1990 Ca-Mg-Zn 2004 
Ti-Zr-TM 1993 Ca-Mg-Zn-Cu 2004 
Zr-Ti-Cu-Ni-Be 1993 Co-Fe-Ta-B 2004 
Nd(Pr)-Al-Fe-Co 1994 Fe-Co-Nd-Dy-B 2004 
Zr-(Nb, Pd)-Al-TM 1995 Cu-Zr 2004 
Cu-Zr-Ni-Ti 1995 Fe-Co-Zr-Mo-W-B 2004 
Fe-(Nb, Mo)-(Al, Ga)-(P, C, B, Si, Ge) 1995 Mg-Cu-Y-Gd 2004 
Pd-Cu(Fe)-Ni-P 1996 La-Cu-Ni-Al 2004 
Co-(Al, Ga)-(P, B, Si) 1996 Mg-Cu-Tb 2004 
Fe-(Zr, Hf, Nb)-B 1996 Nd-Al-Cu-Ni-Fe 2004 
Co-Fe-(Zr, Hf, Nb)-B 1996 Pt-Cu-Ni-P 2004 
Ni-(Zr, Hf, Nb)-(Cr, Mo)-B 1996 Mm-Ni-Cu-Al-C 2005 
Ti-Ni-Cu-Sn 1998 Mg-Ni-Pr 2005 
La-Al-Ni-Cu-Co 1998 Cu-Hf-Ti-Ag-Ta 2005 
Ni-Nb 1999 Gd-Cu-Ni-Al 2005 
Ni-(Nb, Cr, Mo)-(P, B) 1999 Cu-Zr-Ti-Hf 2005 
Zr-based glassy composites 1999 Al-Y-Fe 2005 
Zr-Nb-Cu-Fe-Be 2000 Ce-Al-Ni-Cu 2005 
Cu-Zr-Ti 2001 Pr-Al-Ni-Cu 2005 
Cu-Hf-Ti 2001 Gd-Y-Al-Co 2005 
Tb-Y-Al-Co 2005 Cu-Hf-Al 2006 
Dy-Y-Al-Co-Fe 2005 Cu-Zr-Al-Gd 2006 
Er-Y-Al-Co 2005 Fe-Nb-B-Si-Y 2006 
Sc-Y-Al-Co 2005 Co-Cr-Mo-C-B 2007 
Au-Ag-Pd-Cu-Si 2005 Mg-Cu-Gd 2007 
Ce-La-Pr-Nd-Co-Al 2006 Mg-Cu-Ag-Gd-Ni 2007 
Cu-Hf 2006 Fe-B-Y-Nb 2007 
Cu-Zr 2006 Fe-B-Y-Mo 2007 
Ni-Nb 2006   
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1.3 Fe-Based BMG’s 
Fe-based metallic glasses/BMG’s have been attracting the attention of the research community 
for various reasons. Although conventional steels with crystalline structures have been 
extensively utilized by industries, bulk amorphous steel (Fe-based BMG) demonstrates great 
potential to supersede the crystalline counterparts for some critical structural and functional 
applications. Fe-based BMG’s have been reported to exhibit high yield strengths (2 to 3 times 
that of high-strength steels), high hardness, better corrosion resistance (than crystalline 
counterparts) and elastic modulus compared to those of super-austenitic steel alloys [28, 29].  It 
is a well known fact that Fe-based amorphous alloys exhibit good magnetic properties combined 
with high saturation magnetization [30]. Other advantages that Fe-based amorphous alloys offer 
are that, as compared with other Zr- and Pd-based BMG’s, they are much cheaper and have high 
thermal stability (usually crystallization occurs beyond 900 K). However, these soft magnetic 
amorphous alloys had usually been prepared in a thin sheet form with a thickness below about 50 
µm and in a wire form with a diameter below about 120 µm [31]. The small maximum thickness 
resulting from the low glass-forming ability of Fe- based alloys has restricted the growth of 
application field as magnetic materials and structural materials. Consequently, a great deal of 
emphasis has been placed to identify and produce new ferromagnetic amorphous alloys with 
high GFA. , Based on the three empirical rules mentioned above, Inoue et al. in 1995 could 
identify multicomponent systems comprising of Fe-(Al,Ga)-(P,C,B,Ge,Si) that exhibited a wide 
supercooled liquid region reaching about 65 K before crystallization [18, 19] . The compositions 
of Fe73Al5Ga2P11C5B4 and Fe72Al5Ga2P10C6B4Si1 (subscripts are in at. %) were prepared by 
copper mold casting method [32]. The cast cylinders with 1 and 2 mm in diameter were obtained 
as shown in Figure 1.1. Inoue’s work led to the finding of many new Fe-based BMG’s. 
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Figure 1.1: Fe based BMG rods with 1 and 2-mm diameters [31]. 
 
One of the guiding principles in designing the BMG alloy systems has been to pick elements 
with large differences in atomic size, which leads to a complex structure that crystallizes less 
easily. Another effective way is to look for alloy compositions with deep eutectics, which form 
liquids that are stable at relatively low temperatures. For the preparation of Fe-based BMG’s, 
Fe80B20 is often used as the starting alloy composition; as it is observed from the binary 
equilibrium phase diagram that the eutectic point occurs around 20 at. % B; thus amorphization 
is expected to be easy. By addition of solute elements with high melting temperatures, such as 
Zr, Nb, Ni, Ta, W, and Mo amorphous alloys with high glass-forming ability could be designed 
and manufactured. Table 1.2 lists the Fe-based amorphous alloy systems produced by different 
routes with the year and extent of supercooled region also included.  
Table 1.2:List of Fe-based amorphous systems tabulated along with their supercooled liquid 
region value (∆Tx), method of production, and the year of production.  
 
 # Fe-BMG Systems Method of Production ∆ Tx (K) Year 
1 Fe72Al5Ga2P10C6B4Si1 Copper Mold Casting 55 1995  
2 Fe79P11C6B4 Mechanical Alloying 40 1997 
3 Fe74Al5P11C6B4 Mechanical Alloying 42 1997 
4 Fe73Al5Ga2P11C5B4 Copper Mold Casting 47 1997 
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 # Fe-BMG Systems Method of Production ∆ Tx (K) Year 
5 Fe60Co8Zr10Mo5W2B15 Copper mold casting 88 1997 
6 Fe56Co7Ni7Zr8Nb2B20 Melt spinning 85 1998 
7 Fe56Co7Ni 7Zr8Ta2B20 Melt spinning 87 1998 
8 Fe70Nb2Al5Ga2P10C6B4 Cooper Mold Casting 64 1998 
9 Fe70Zr6Nb4B20 Melt spinning 93.6  1999 
10 Fe77-xCoxNd3B20 ( x= 20-30 %) Melt spinning 34  1999 
11 Fe77-xCoxSm3B20 (          “       ) Melt spinning 41  1999 
12 Fe77-xCoxTb3B20   (          “       ) Melt spinning 40 1999 
13 Fe77-xCoxDy3B20  (         “       )   Melt spinning 39 1999 
14 Fe71Cr4Mo4P11B5C5 Mech. Alloying-Flux 
addition-water quenching 
35  1999 
15 Fe67Cr4Mo4Ga4P11B5C5 “ 56 K  1999 
16 Fe62Co5Cr4Mo4Ga4P11B5C5 “ 55 K 1999 
17 Fe65Sb2Cr4Mo4Ga4P11B5C5 “ 56 K 1999 
18 (Fe66Cr4Mo4Ga4P12C5)94.5/95 B5.5 “ 61 K 1999 
19 Fe52Nb48 Mechanical Alloying   
19 Fe81.1C13.8Si5.1 + 0.4 Mass% B Induction melting – 
Cooper mold casting 
37 k 2000 
20 Fe29Ni21Zr10B20 Mechanical Alloying 39 K 2001 
21 Fe40Ni40P14B6 Flux melting with Water 
quenching 
42 K 2001 
22 Fe42Co7Ni21Zr10B20 Mechanical.Alloying 57.4 2001 
23 Fe67Co7Ni21Zr10B20 Mech. Crushing of melt 
spun ribbons/uniaxial hot 
pressing 
33 K 2002 
24 Fe63Co7Nb4Zr6B20 Melt spinning 78.7 K 2002 
25 Fe43Cr16Mo16C15B10 Melt spinning 90 K 2002 
26 Fe50Cr16Mo16C18 Copper Mold casting 53 K 2002 
27 Fe62Co6Zr6Nb4Cr2B20 Melt Spinning 84.8 K 2002 
28 Fe61Co7Zr10Mo5W2B15 Suction casting 60 K 2003 
29 Fe61Co7Zr10Mo5W2M(15 + 0.6) 
M = B, Al, Si, C, P 
Copper casting 70 K 2003 
30 Fe75.5Ga3P10.5C4B4Si3 Copper mold casting 40 K 2004 
31 Fe77.75Al.25Sn2P12Si4B4 Injection casting 50.2 K 2004 
32 [Fe1-xCox].75B.2Si.05]96Nb4 Copper mold casting 50 K 2004 
33 Fe44.3Cr10Mo13.8Mn11.2C15.8B5.9Y1.5 Copper mold casting 40 K 2004 
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 # Fe-BMG Systems Method of Production ∆ Tx (K) Year 
33 Fe58Co6Ni4Zr10Mo5W2B15 Copper Mold casting 70 K 2005 
34 Fe74Nb6Y3B17 Injection casting 48 K 2005 
35 Fe41Co7Cr15Mo14C15B6Y2 Copper Mold casting 38 K 2005 
36 Fe58Co6Ni4Zr10Mo5W2B15 Copper Mold casting 70 K 2005 
37 Fe61Co5Zr8Y2Cr2Mo7B15 Copper Mold casting 70 K 2006  
38 [(Fe0.5Co0.5)0.75B0.2Si0.05]96Nb4 Copper Mold casting 50 K 2006  
39 (Fe0.6Co0.3Ni0.1)0.75B0.2Si0.05]96Nb4 Copper Mold casting 65 K 2006  
40 (Fe72Nb4B20Si4)97Y3  Injection Casting 56 K 2006  
41 Fe43Al5Cr15Mo14Er2C15B6 Copper Mold casting 49 K 2007  
42 (Fe0.8Co0.2)73Ga4P11C5B4Si3 Copper Mold casting 57 K 2007  
43 Fe68.3C6.9Si2.5B6.7P8.8Cr2.2Mo2.5Al2.1 Copper Mold casting 40 K 2007  
44 Fe65.28B24Nd6.72Nb4 Suction casting 45 K 2007  
45 (Fe70.7B24Y5.3)95Mo5 Drop casting - 2007  
 
It is to be noted that the highest section thickness achieved in Fe-based BMG’s till now has been 
16 mm (diameter) in the composition 35, followed by 12 mm (diameter) in the composition 33 as 
given in Table 1.2 [33, 34]. 
1.3.1 Glass Forming Ability 
Glass forming ability (GFA) of an alloy is related to the ease of vitrification that reflects the 
physical nature of the alloy and indicates whether the alloy can be produced in bulk form. GFA 
can be characterized by various parameters and one of the most appropriate and earliest was the 
critical cooling rate Rc, usually not easy to measure. Inoue had proposed three empirical rules for 
glass formability [35]; he developed computational methods to construct glass forming ranges by 
computing the mixing enthalpy. The rules for glass formation were expanded by Egami [36], 
who added that an attractive force between large and small sized elements coupled with 
repulsion between the smallest sized elements increases the GFA. Using the concept of atomic 
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size ratio, Miracle [37-39] showed that atomic size mismatches can generate elastic strains, 
which hinder crystallization; these elastic strain calculations can be used to model the GFA. 
Also, using the atomic size evaluations, alloys which are not crystalline, but possessing a strong 
short range order, can be designed. Most of these modeling techniques have the capability to 
identify the range of compositions in which glass formation is likely to occur. However, precise 
compositional optimization within a proposed alloy system is difficult, increasingly with the 
number of alloying elements. Furthermore, a quantitative method to evaluate the GFA of large 
numbers of possible alloy combinations in a systematic and comprehensive manner does not 
exist.  As a result several parameters have been proposed to quantify GFA of metallic glasses. 
Some of these parameters have also been used to define GFA in BMG’s. The different GFA 
parameters have been briefly discussed below: 
1. Turnbull [7] in 1969 proposed the ratio of Tg (glass transition temperature) and Tm 
(liquidus temperature) to be an effective way to quantify GFA, which was referred to as the 
reduced glass temperature and represented as Trg. The fundamental basis behind this parameter 
was the requirement of high viscosity between melting temperature and the glass transition 
temperature, as stated by Uhlmann and Yinnon [40]. As per this criterion alloys with Trg ≥ 2/3 
show good GFA. 
 2. Donald and Davies [41], came up with a parameter mix
m
m
mix
m
T
TTT −=∆ * , which represents 
the fractional departure of Tm from the melting temperature of the mixture, Tmmix, where  
∑= n
i
i
mi
mix
m TnT  and, ni and Tm
i are the mole fraction and melting point, respectively, of the ith 
component of an n-component alloy. It was found that most of the glass forming alloys such as 
Fe- and Ni- based metallic glasses had value of ∆T* ≥ 0.2 .  
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 3. Hruby [42] suggested Kgl as another parameter for measuring GFA. The parameter was 
based on the concept that the thermal stability of a glass on subsequent heating is directly 
proportional to the ease of its formation.  
xm
gx
gl TT
TT
K −
−=  
This approach was based on the assumption that all glasses are in comparable states at Tg.   
4. Saad and Poulain [43] had proposed a stability parameter S which is defined as  
g
gxxp
T
TTTT
S
))(( −−=  , where Tp – Crystallization peak temperature, Tx – Onset of 
crystallization temperature. 
 5. Another parameter which is simple to use and empirical in nature was ∆Tx = Tx-Tg. 
The difference between the onset crystallization temperature and the glass transition temperature 
indicated the extent of supercooled liquid region. Usually, larger the difference in temperatures 
(∆Tx) better is the GFA. 
 Recently, several other GFA indicators have been proposed. Parameters like γ, γ*, σ, δ, φ, 
β, α and γm are the recent GFA indicators. Table 1.3 lists the above stated parameters with their 
authors and references. Generally speaking, these parameters originated from limited 
experimental data, often from one single alloy system, and reported by a single research group. 
Based on the parameters involved, the criteria can be categorized into three groups. 
(a). Characteristic temperatures: Some of the lately developed parameters are calculated 
from characteristic temperatures determined during heating/cooling of alloys, such as glass 
transition temperature (Tg), onset crystallization temperature (Tx), peak crystallization 
temperature (Tp), onset melting point (Tm), liquidus temperature (Tl), and onset solidification 
temperature (Ts). The parameters in this category are γ, δ, φ, β, α, etc. 
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(b) Fundamental properties of constituent elements: In this group, GFA parameters are 
proposed based on fundamental properties of constituent elements in the alloy. They include 
atomic volume, atomic weight, density, heat of mixing, electronegativity, e/a (electron per atom) 
ratio, electronic structure, fusion enthalpy, mixing entropy, melting point of constituent elements 
and elastic constants. Typical parameters belonging to the group are σ and γ*. 
c) Physical and thermal properties of alloys.  Parameters in this category were suggested 
considering undercooled/superheated liquid behavior. These parameters are computed via 
measuring physical properties of alloys and liquids, including viscosity, heat capacity, activation 
energy for glass formation and crystallization, melting point, fusion enthalpy of resulting alloys, 
density, bulk modulus, and so on. Examples for this group are the fragility parameter D, 
superheated fragility 'M [44, 45], short range ordering S  [46] and Gibbs free energy minima 
[47]. 
 Researchers have tried to correlate the parameters with critical cooling rate, Trg, ∆Tx or 
the section thickness of the cast BMG. In a way, based on the correlation factor, the parameters 
are seen to quantify GFA for certain alloy systems and deviate for some others. From the 
literature it could be gathered that, none of the parameters can be claimed as universal.  
Table 1.3: List of New GFA measuring parameters. 
 
Parameter Definition Proposed by Reference 
γ 
        
gl
x
TT
T
+  
Z. P. Lu, C. T. Liu [48]  
γ* 
   
intHH
H
amor
amor
∆−∆
∆
  
L. Xia et al. [49] 
σ         '* PT∆  E. S. Park et al. [50, 51] 
δ 
        
gl
x
TT
T
−  
               Q. Chen et al.         [52]    
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Parameter Definition Proposed by Reference 
φ ))/)(( 143.0ggxrg TTTT − Fan et.al [53] 
β 2)/( xlgx TTTT −  Z. Z. Yuan et al. [54] 
α 
lx TT  Mondal and Murty [55] 
Trx 
sx TT /  Kim et al. [56] 
γm 
lgx TTT )2( −  X. H. Du et al. [57] 
 
where, ∆Hamor is enthalpy of amorphization, ∆Hint is enthalpy of compound formation, ∆T* is the 
melting temperature depression parameter, and P’is the normalized atomic size mismatch 
parameter. Other variables have been described in preceding paragraphs. These parameters are 
not discussed here in detail. 
 Glass formation in a metallic system is essentially to retain the liquid structure and avoid 
crystallization as the temperature is lowered. In order to understand the glass-forming ability, 
both the liquid phase stability and resistance to crystallization have to be taken into account. 
Liquid stability involves two aspects: thermodynamic stability of the liquid and the relative 
stability of the amorphous phase as compared to competing crystalline phases. Resistance to 
crystallization is determined by the mechanisms of nucleation and growth. As seen from Table 
1.3 and preceding paragraphs, many parameters have been proposed which have a strong 
theoretical basis but are difficult to be used because of numerous unknown physical and thermal 
properties involved. 
 However, the most extensively used parameters are ∆Tx and Trg, although, contrasting 
results have been observed in many alloy systems. For example, in the alloy system of Zr-Ti-Cu-
Ni-Be, Trg correlates well with GFA, whereas the ∆Tx parameter shows no relation [58] . In fact, 
the compositions having the largest ∆Tx are the poorest glass formers in the system. Similarly, 
Trg was seen to be unreliable in case of Pd40Ni40-xFexP20  [59], Fe-(Co, Cr, Mo, Ga, Sb)-P-B-C 
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[60], and Mg65Cu15M10Y10 (M= Ni, Al, Zn and Mn) [61]. On the contrary, ∆Tx was seen to be a 
useful and reliable criterion to measure the GFA in these systems. 
 In the case of Fe-based BMG’s it has been seen that the addition of metalloids has 
enhanced the GFA as well as the width of the supercooled region. The simultaneous dissolution 
of solute elements suppresses the formation of crystalline nuclei through increase in the packing 
density in the disordered structure resulting from the significant difference in atomic sizes of 
metalloids like P, C, B, etc. with the metal atoms. This difficulty in the precipitation of Fe-
metalloid compounds further increases on addition of elements like Al, due to the formation of 
more stable bond pairs, like, Al-P, Al-C, Al-B which have very strong attractive bonds. Further, 
a decrease in the Fe-metalloid bonding is also brought about by dissolution of Ga which is 
soluble in Fe and immiscible with C and B [32]. In the case of Mechanical Alloying it has been 
noted that reducing the Fe content increases the supercooled liquid region [62]. In systems like 
Fe-Zr-B, addition of Nb, Mo, Ta, and W is effective in increasing the degree of satisfying the 
three Inoue empirical rules for formation of BMG’s. The addition of these elements causes more 
sequential change in the atomic size and generation of new atomic pairs with different negative 
heats of mixing [63]. 
 In the Fe-P-B-Si system, addition of Al and Ga with large atomic sizes has been very 
effective in the extension of the supercooled liquid region. This is due to the large atomic sizes 
and formation of atomic pairs with large negative heats of mixing. The necessity of simultaneous 
precipitation of five crystalline phases (Fe-P-B) suggests that crystallization requires long range 
atomic diffusion which results in high thermal stability [64]. Thermal stability is also seen to be 
improved on addition of Ta, Ni, Nb and Si. The reason is due to the high Tg/Tl value that 
facilitates the formation of the glassy phase and formation of chemical short range order with 
high densely packed structure. It has been explicitly proven that removal of oxides from the melt 
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helps in improving the GFA, since removal of such inclusions reduces the chances of 
heterogeneous nucleation causing crystallization [65]. 
Decreasing the value of Tl (liquidus temperature) enhances the GFA.  A similar effect 
occurs on increasing the Tg (glass transition) value. Addition of metalloids as well as Mn and 
refractory elements like Zr, Nb, and Mo depresses Tl  by different magnitudes and increases the 
Tg value [29]. In the same study, based on the proposed structure-reinforcement model, the 
refractory metal-metalloid minority atom groups are said to form a backbone structure which 
increases the viscosity of the metal structure thus adding to the glass forming ability. 
 In their work, Poon et al. [66] have shown that the key to high GFA is to achieve slow 
diffusion and reduced complexity (entropy) differences between the undercooled liquid and 
crystalline phase. Given these beneficial factors, a relatively low liquidus temperature is also 
desirable in reducing the amount of undercooling before vitrification. They also suggested that 
BMG’s can be broadly classified into two classes based on their atomic size and composition. 
The first one constitutes the majority of mid size atoms (60-70 at. %), followed by small sized 
atoms as the next majority component and the large-size atoms as the minority component (≈ 10 
at. %), labeled as “Majority atom-small atom-large atom” (MSL) class. The second BMG class 
includes alloys composed primarily of large sized atoms (≈ 40 to 75 at. %) and small sized atoms 
(≈ 60 to 25 at. %), labeled as “Large atom-small atom” or “small atom-large atom” (LS/SL) 
class. The fact that the BMG’s are discovered in two classes of alloys distinguished by specific 
atomic size and composition is by no means accidental. This fact is likely from the result of 
favorable atomic packing and interaction in the undercooled liquid. It is reasonable to assume 
that dense non-crystalline packing is as important as atomic interaction and low liquidus 
temperature, in the search for prospective BMG forming alloys. Wu et al. [67] in their work 
proposed a relation between the energy barrier of crystallization and amorphization, with GFA. 
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In this work they could prove that there was a clear tendency for the GFA to increase with 
decreasing Eac (associated activation energy for crystallization while heating) in the case of 
BMG, even though the energy barrier for amorphization is low. However, they could not 
establish any relevant relationship between energy barrier for amorphization during cooling with 
that of crystallization during heating up. 
 Recently the new criterion for GFA (γ) as proposed by Lu et al. [48], showed a good 
correlation with Fe-based glassy alloys. Using this new criterion a good glass former should have 
a ‘γ’ value of above 0.35. A high ‘γ’ value of 0.4004 for the new Fe-based bulk amorphous alloy     
(Fe58Co6Ni4Zr10Mo5W2B15) indicates that this glassy alloy has strong glass forming ability [68]. 
Chen et al., in the same [68] work also pointed out that the maximum diameter for metallic glass 
formation can be considered as a useful parameter reflecting the GFA. Kim et al. showed the 
improvement in GFA by addition of Yttrium to the Fe-Nb-B systems [69]. 
1.3.2 Thermodynamics and Kinetics of GFA 
In order to form an amorphous phase by the solidification technique, it is essential to 
suppress nucleation and growth reaction of a crystalline phase in the supercooled liquid region 
between melting temperature (Tm) and glass transition temperature (Tg). Cooling rate (R) should 
be above the critical cooling rate (Rc) so that nucleation is avoided. Figure 1.2 explains the 
concept of critical cooling rate.  
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Figure 1.2: Time, Temperature and Transformation diagram showing the critical cooling rates. 
From the figure it is observed that a glassy phase is obtained only when the cooling 
rate is above the critical cooling rate (slope of the tangent to the nose of the TTT 
curve) [34]. 
 
Farther is the nose of the curve from the Y-axis, lower is the critical cooling rate (as seen by the 
slope of the tangent to the nose of the TTT curve). It is seen that lower the value of Rc, higher is 
the sample thickness obtained in the alloy system.  Parameters like Trg and ∆Tx are equally 
important. It is observed that high Trg value (>0.55) and large ∆Tx values are favorable indicators 
of amorphization. Also, there are three empirical rules advocated by Inoue for achieving 
amorphization: 1) The system should contain more than three elements, 2) Difference in atomic 
size ratios above 12 % among the main constituent elements, and 3) The elements should have 
negative heat of mixing. These rules are based on a number of experimental data and theoretical 
aspects which have been dealt in subsequent paragraphs. 
The conditions to determine the glass forming ability are based on three basic categories; 
they are, thermodynamics, kinetics and structure [35].  Thermodynamically, glass formation 
takes place in the state of low free energy change ∆G(T) for the transformation of liquid to 
crystalline phase. Gibbs free energy change can be expressed as, ∆G = ∆Hf – T∆Sf. A low ∆G 
value is obtained in the cases of low ∆Hf and/or large ∆Sf. Here, ∆Hf and ∆Sf are the values of 
 21
enthalpy and entropy of formation, respectively. The large ∆Sf value is obtained in the 
multicomponent alloy system because entropy is proportional to the number of microscopic 
states. The free energy at a constant temperature also decreases with low chemical potential 
caused by the low enthalpy and high reduced glass transition temperature as well as with high 
interfacial energy between liquid and solid phases. Based on these thermodynamic aspects, it is 
implied that an increase in the number of components leads to an increase in ∆Sf causing an 
increase in the degree of dense random packing which is favorable for the decrease in ∆Hf and 
increase in solid/liquid interface energy. 
Busch et al. [70] in their study showed the variation of entropy of BMG (vitralloy1) with  
temperature and compared it with the crystalline state. Figure 1.3 illustrates the calculated 
entropy of the undercooled Vitrealoy 1 melt with respect to the crystal where, with large 
undercooling the entropy of the liquid is seen to decrease. From Figure 1.4, the Gibb’s free 
energy difference is seen to decrease with increase in undercooling. This stabilization of the 
undercooled melt is attributed to the increase in specific heat capacity which is an outcome of 
decreasing free volume. 
 
Figure 1.3:  Calculated entropy of the undercooled BMG melt with respect to the crystal [69] 
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Figure 1.4: Calculated Gibbs Free energy of undercooled BMG melt and the crystal [69]. 
 
Kinetically, the homogeneous nucleation (I) and growth(U) for crystalline phase with a spherical 
morphology nucleating from a supercooled liquid can be expressed by relations as shown below ; 
  I = 1030/ η exp[ -bα3β/ (Tr(1- Tr)2]  [cm-3s-1]…………………………1.0 
 
  U = 102 f/η [1- exp( -β∆Tr/Tr)(T/Tm)]  [ cms-1]……………………..1.1 
where, Tr is the reduced temperature (T/Tm), ∆Tr is the difference in temperature from Tm (Tm- 
T), b is a shape factor and 16π/3 for a spherical nucleus, η is viscosity and f is the fraction of 
nucleus sites at the growth interface. α and β are dimensionless parameters related to the 
liquid/solid interfacial energy (σ), ∆Hf and ∆Sf, can be expressed as, α = (NoV)1/3σ/∆Hf and β = 
∆Sf/R. Here, No, V and R are Avogadro number, atomic volume, and gas constant, respectively. 
In these relations, the important parameters are η, α, and β. The increase in the three parameters 
decreases the I and U values, leading to an improvement of glass-forming ability. The increase in 
α and β also implies an increase in σ and ∆Sf, and a decrease in ∆Hf, being consistent with the 
thermodynamic interpretation on achieving a high glass forming ability. It is also seen that η is 
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closely related to the reduced glass transition temperature and α3β, reflects the thermal stability 
of the supercooled liquid.  
 Viscosity can also be described using the Vogel-Fulcher-Tammann (VFT) relation [71].  
             ⎥⎦
⎤⎢⎣
⎡
−= 0
0
0 exp TT
DTηη ……………………………………………………………….1.2 
where T0 is the Vogel-Fulcher temperature, at which the barriers with respect to flow would 
reach infinity. D is known as the fragility parameter which identifies the glass forming property 
of the liquid. In Figure 1.5 the viscosity of common non-metallic glasses is compared with that 
of typical BMG’s. SiO2 is the strongest glass former with fragility parameter D equivalent to 
100. It also exhibits very small VFT temperature and a very high melt viscosity, whereas, O-
terphenyl is the typical fragile glass with D having a value of 5 and low melt viscosity. From, 
Figure 1.5 it is observed that BMG’s have the fragility parameter value closer to strong glasses 
with a value of about 20. The melt viscosity of BMG’s is in the order of 2-5 Pa-s and is about 
three orders of magnitude more viscous than pure metals. 
 
Figure 1.5: Comparison of Viscosity of various glass forming liquids [70]. 
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Due to the poor mobility of the constituent atoms, nucleation and growth of the crystalline phase 
from a supercooled liquid is very difficult and that leads to high GFA. Figure 1.6 illustrates the 
stability of the BMG forming supercooled liquid as compared to the conventional metallic 
glasses. It has been reported that the structure of an alloy system has also a very dominant role in 
improving the GFA. The atomic sizes of the various alloy systems can be classified into three 
groups, large, intermediate and small. The variance of atomic size and negative heat of mixing is 
expected to cause an increase in the random packing density in the supercooled liquid which 
enables high liquid/solid interfacial energy and adds to the difficulty of atomic rearrangement. 
This leads to decrease in the diffusivity and increase in viscosity. In the Zr60Al15Ni25 system it 
has been observed that there is a significant change in the coordination number of Zr-Al atomic 
pairs upon crystallization. 
 
Figure 1.6: Schematic diagram showing the stability of the BMG forming supercooled liquid in 
comparison to the conventional metallic glass forming melts [34]. 
 
 
 This change indicates that the local atomic configurations in the amorphous alloy are 
significantly different from those in the corresponding crystalline phase. This result indicates the 
necessity of long range rearrangement of Al atoms around Zr atoms in the process of 
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crystallization. The long range atomic re-arrangement is very difficult in high degree of dense 
randomly packed amorphous structure. Based on the above-stated facts, high glass forming 
ability can be predicted in multicomponent systems. It is thus confirmed that high glass forming 
ability is attributed to the formation of a kind of supercooled liquid with a high degree of dense 
random packing, new short-range atomic configuration and long-range atomic interactions for 
homogeneity. Inoue et al. [72] classified the BMGs into three types, namely, metal-metal type 
alloys, metal-metalloid type alloys and the Pd-metalloid type alloys. As seen in Figure 1.7, the 
atomic configurations are different among the three types of BMG’s. 
 
Figure 1.7:  Atomic configurations of three different types of BMG’s [71]. 
 
 Electronic structure of a material also becomes relevant while dealing with the structure 
of BMG’s. The microscopic theory concerning the relationship between the atomic and the 
electronic structures, present more fundamental understandings on the structural stability of a 
solid phase, regardless of the crystalline or disordered nature. Nagel and Tauc’s [73] work 
showed the dominant influence of conduction electrons on the structure factor vis-à-vis the 
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stability of metallic glasses against crystallization. They proposed that a metallic glass is 
stabilized when the Fermi level EF is located at a minimum in the density-of-state curve. This 
will occur when the Fermi surface and the diffuse pseudo-Brillouin zone boundary of the glassy 
phase coincide. Other researchers like Beck and Oberle [74] and Haussler [75] have also shown 
the effect of electronic configuration on glass stability. Thus, to predict glass formation, the 
criteria based on the atomic size factor provide a good tool to determine the composition range in 
a given system. The electronic structure viewpoint presents more fundamental picture on the 
stability of metallic glasses. The connection between the two is the way to the prediction of glass 
formation. 
Another condition that helps in understanding the formation and/or stability of BMG’s is 
the electron to atom ratio (e/a). It is a simple and promising criterion in the search for high GFA 
in a given system. This is especially favorable for the multicomponent systems, as the criterion is 
not dependent specifically on the element involved. Therefore, the 2kf = kp (what are kf and 
kp????)rule is quite applicable in deciding the composition of glass forming alloy system [73]. 
An effective e/a ratio of 1.5 assigned to the solvent Zr explains effectively the contacting 
situation (Fermi surfaces with Brillouin zone) for the phases (refer to Table 1.4). Further to it, 
Dong et al. [76] noticed that the BMG and the quasicrystal related phases in a given system are a 
family of Hume-Rothery phases sharing nearly the same e/a ratios. For a glassy phase, the wave 
numbers Kp = 4π Sin θp/λ are obtained from the diffraction angle θp of the principal diffuse peak 
in their XRD patterns. This indicates the basic role of the e/a factor in stabilizing these Hume 
Rothery phases containing a large number of atoms per unit cell. However, the fundamental 
aspects of the phenomenon are far from clarified in the present discussion. The aforementioned 
phenomena indicate that the formation and stabilitiy of the Zr-based BMG’s, their 
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quasicrystalline and crystalline counterparts are interrelated. This coincidence opens a new route 
in the search for compositions with large GFA in a given system.  
 
Table 1.4: Structure parameters and compositions of the Zr-based Hume-Rothery phases. Also 
note the 2kf and kp values which are almost same in magnitude [72]. 
 
 
The known crystalline phases can be employed to establish the specific e/a constant lines 
or planes in ternary or quaternary systems, respectively (Ref. Figure 1.8).  
 
Figure 1.8: The e/a-constant line in the Zr-Al-Ni system [75]. 
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The “constant e/a rule” in the BMG-related phases, including quasicrystals and 
crystalline counterparts, should be a useful composition guideline for designing alloys with large 
GFA. Figure 1.8 shows the utility of constant e/a criterion in Zr-Al-Ni system. It is seen that 
Al50Ni50 (CsCl structure), ZrAlNi (Fe2P structure) and pure Zr, fall on the line with e/a = 1.5. 
Also the best glass forming composition, Zr60Al20Ni20, in this system is seen to lie exactly on the 
same e/a-constant line [76]. 
1.3.3 Methods of Preparation 
The basic principle behind the production of amorphous alloys remains the same, 
irrespective of the process one undertakes, i.e., to frustrate the process of crystallization. For 
example, primitive cubic, face centered cubic or body centered cubic crystals have 1, 4 and 2 
atoms per unit cell, respectively, which can occur as pure element or solid solution with extended 
solid solubility. Now if we introduce two different species of atoms in a crystal lattice with one 
atom per unit cell, we “frustrate” the lattice by chemical disorder. This chemical disorder is 
associated with local atomic level strains due to atomic size difference as well as effects arising 
from differences in the valence electron configuration of the two species as mentioned earlier in 
the text. However, when producing in bulk, the critical cooling rate also becomes an important 
factor. The mechanism of BMG formation is schematically shown in Figure 1.9 below. 
 For producing BMG’s two kinds of techniques have been used, they are solidification and 
consolidation. Under solidification techniques one can list water quenching, copper mold casting, 
high pressure die casting, arc melting, suction casting, unidirectional melting and squeeze 
casting. The other technique that can be used is, by hot pressing and warm extrusion of atomized 
amorphous powders in the supercooled liquid region. 
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Figure 1.9: Mechanism of Amorphization [34]. 
 
Maximum cast thickness and the critical cooling rates for some typical BMG’s are listed in Table 
1.5. The table makes it clear that with decreasing Rc there is an increase in maximum thickness. 
The commonly used techniques to produce BMG’s have been briefly described below. 
Table 1.5: Maximum thickness and critical cooling rate [34]. 
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Water Quenching Method 
The process involves quenching the molten alloys in a quartz tube, water being the quenching 
medium[76, 77].  
Copper Mold Casting Method 
This method includes, filling the molten metal in a copper mold cooled with water. The liquid 
metal alloy is obtained by using a high-energy heat source capable of rapidly melting. The melt 
is introduced into a vertically extended water-cooled mold provided below by using a difference 
in gas pressure or gravity, at a high speed to attain a high quenching rate, thereby to obtain a 
glassy metal ingot of a large size[78]. The process is schematically shown in Figure 1.10. 
 
Figure 1.10:  Schematic illustration of a copper mold casting equipment [34]. 
 
Arc Melting Method (Injection casting/ Melt spinning) 
Bulk amorphous alloys can be produced by arc melting on a copper hearth. However, with this 
technique it is very difficult to completely suppress the precipitation of crystalline phases, due to 
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ease of the heterogeneous nucleation. In fact in present times, the arc melting method has been 
improvised with injection casting and melt spinning technique. In case of injection mold casting 
the molten melt is injected into a cooled copper mold. In the melt spinning technique, the melt is 
forced through a nozzle at a pressure of 50 kPa, onto a rotating copper wheel with a typical 
surface velocity of 40 m/s. The final product in the case of injection mold technique is the cast 
product and in the latter one it is in the form of splat ribbons [69] (although they are not 
considered to be bulk metallic glasses but can be ground into amorphous powder and 
consolidated to bulk form)  . 
Unidirectional Zone Melting Method 
In Unidirectional zone melting method, an arc type heat source is used to produce a continuous 
bulk amorphous alloy. The aim of this method is to produce a continuous bulk amorphous alloy 
without limitation of sample length. The alloy ingot is moved at a speed of 5.7 mm/s with the 
heat source moving in opposite direction [79].  
Suction Casting Method 
 The molten alloy is sucked into a copper mold through a suction force resulting from the 
difference in gas pressure between melting chamber and casting chamber. In the equipment the 
prealloyed ingot is re-melted by arc heating system in an argon atmosphere of 5.3 kPa.  
Solid State Reaction or Mechanical alloying 
Bulk amorphous materials can be produced with the help of mechanical grinding or mechanical 
milling [80, 81] followed by consolidation. These techniques produce amorphous materials in 
powder form, which cannot be termed as bulk unless consolidated. Several procedures are 
adopted to consolidate the powders like hot pressing or hot extrusion [82]. A recently developed 
 32
consolidation technique called the compression shearing [83] can consolidate the powder at room 
temperature by the application of shearing force. A schematic diagram of this technique is shown 
in Figure 1.11. More details on solid state amorphization are provided in subsequent sections. 
 
Figure 1.11: Schematic diagram showing the set up for compression shearing method [82]. 
 
Electromagnetic Vibration Process 
  Very recently a unique method of producing BMG has been established. The method included 
the use of electromagnetic vibrations along with simultaneous imposition of an alternating 
electric current and a magnetic field. This method was found to be effective in enhancing 
apparent glass forming ability in Mg65Cu25Y10 alloys. It has been presumed that the 
disappearance of clusters by the electromagnetic vibration applied to the liquid state cause 
suppression of crystal nucleation [84].                                               
1.3.4 Properties  
Over the last decade Fe-based amorphous alloys have received considerable attention because of 
their high strength, hardness, and corrosion resistance, and for being potential candidates for 
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nanocrystalline magnetic materials. Their good soft magnetic properties have also been the 
subject of much scientific research. They are used in diverse applications such as sports goods, 
electronic items, medical tools and implants, power devices, information handling technology 
and magnetic sensors. 
Magnetic properties 
When the first Fe-rich ferromagnetic metallic glass (Fe80P13C7) was realized by rapid quenching, 
the magnetic softness of this material was immediately recognized [85]. However, usefulness of 
such material in a wide variety of magnetic applications got limited, since glassy alloys were 
available only in a ribbon form. Since then a number of advances have been made in alloy 
development and in increasing the width of the ribbon. Since Fe-Ni base alloys with phosphorus 
as the metalloid were easily fabricated by continuous chill-casting techniques, earlier works were 
centered on these materials. For example, METGLAS 2826, which is alloy of Fe40Ni40P14B6 has 
the following as-quenched properties:  
(i) The room temperature saturation induction Bs (RT) around 7.9 kG (ii) Coercivity (Hc) of 0.06 
Oe and (iii) DC permeability of 1600. When this material is heat treated in a magnetic field, the 
DC permeability at 25 gauss, µ (25G), of 30000 could be achieved. This alloy was found to be 
both magnetically and thermally unstable. To improve the stability, a new alloy METGLAS 
2826 MB, with composition of Fe40Ni38Mo4B18 was developed. This alloy when annealed shows 
magnetic properties superior to those of Fe40Ni40P14B6 and its high frequency permeabilities are 
comparable to those of 4-79 (Ni 79%- Mo 4%-Fe) Mo permalloy [86]. The magnetic stability 
measured in terms of the activation energy Ea for the magnetic anisotropy induced by field-
annealing has been found to be higher for the alloys containing Mo and B. The linear 
magnetostriction (λs) value of the Fe-Ni base alloys mentioned above lies in the vicinity of ~ 10 
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ppm. For certain applications such as in tape recording heads, smaller values of λs are desirable. 
The development in the area of high induction alloys started with the successful synthesis of 
Fe80B20 which has Bs (RT) =16 kG. Although this alloy has Bs value lower than the conventional 
Fe-Si alloys for which Bs reaches ~ 20 kG, its ac core loss at 60 Hz is much lower by a factor of 
two than the crystalline part. 
 In the area of high saturation induction alloys, a broad range of Fe-rich metallic glasses 
were identified that exhibited saturation inductions, curie and crystallization temperatures which 
can be used in power applications. Fe-B-Si glasses were particularly the ones in the given class 
of alloys. In the Fe85B15, Fe77B23 and Fe60Ni25B15 alloys it was seen that precipitation of small 
number of crystalline particles, during annealing at temperatures close to the crystallization 
temperature increases the number of domain walls, leading to the improved high frequency 
properties.  
Compared with melt-spun Fe-based metallic glasses, the Fe-based BMG’s have the 
following advantages in soft magnetic properties [72]: (a) High electrical resistivity of 200-250 
µΩ cm at room temperature; (b) lower coercive force of 0.2-4 A/m (c) Higher initial 
permeability; (d) controllable arrangement of domain wall structure achieved by control of 
casting and/or cooling processes; (e) better high frequency permeability; (f) good micro-forming 
ability in supercooled liquid region. On the other hand, the disadvantages of BMG’s are: (a) 
Higher material costs due to the necessity of using special solute elements to obtain a higher 
GFA; (b) Lower saturated magnetic flux density due to the addition of large amount of solute 
elements, this is serious obstacle to future use in power transformers. Therefore a lot of further 
effort is needed for attaining excellent soft magnetic BMG’s.  
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Mechanical Properties 
In general Fe-BMG’s have much higher tensile strengths and much lower Young’s moduli.  
The difference in these values between the BMG and crystalline alloys is as large as 60 %. The 
significant difference in the mechanical properties is thought to be a reflection of the difference 
in the deformation and fracture mechanisms between BMGs and crystalline alloys. Plastic 
deformation in metallic glasses is generally associated with inhomogeneous flow in highly 
localized shear bands. From Fig 1.12, it is evident that under high strain rate conditions, local 
melting occurs during unstable fracture [87]. 
 
Figure 1.12: Failure surface of a tensile sample exhibiting cup and cone type fracture [86]. 
 
 Even under slower loading rates, a veined fracture surface indicates a decrease in the glass 
viscosity. Due to the highly localized nature of flow and the lack of microstructural features in 
the metallic glass to divert the flow, shear band formation typically leads to catastrophic failure. 
The localization of shear is associated with the possible strain softening mechanisms and thermal 
softening as well as the absence of strain hardening mechanisms.  
 The Fe-BMG’s have very high value of tensile fracture strength and hardness. For 
example, Fe60Co8Zr10Mo5W2B15 has the fracture strength value as much as 3800 MPa and 
 36
hardness value as 1360 Hv. These values are much higher than that of high carbon high alloy 
tool steel and 25 wt. % Ni maraging steel, which have the equivalent value of 1000 to 2000 MPa 
and 300 to 800 Hv, respectively [63]. Similarly other Fe based systems like Fe70B20Zr8Nb2 and 
Fe70B20Zr6Nb4 alloys have a very high tensile and fracture strength value of 3440 and 3490 MPa, 
respectively. Unfortunately the bulk samples under compression and tensile tests tend to crack 
prematurely at values of about 1000 MPa. This behavior is attributed to the porosity of the 
amorphous rod [29]. Chen et al in their work showed the compositional dependency of 
mechanical properties of Fe-based amorphous alloys [68]. They reported that the hardness value 
of Fe58Co6Ni4Zr10Mo5W2B15 was 1283 Hv and fracture strength was about 1825 MPa. When the 
composition of the alloys was changed to Fe60Co8Zr10Mo5W2B15 both the hardness and fracture 
strength value were found to be on lower side. 
Corrosion Behavior 
  Even though many studies have been conducted on the formation, structure, physical and 
mechanical properties, extensively, little has been reported about the high corrosion resistance of 
bulk glasses in aggressive media. Among the BMG’s Fe-based alloy systems have attracted great 
attention because of their commercial importance. There has been no data on corrosion resistance 
of the Fe-based bulk metallic glasses till Pang et al. [88] investigated the corrosion behavior of 
Fe-based BMG of Fe-Cr-Mo-C-B-P system alloys. It was also realized that although due to 
limitations in production of bulk samples the Fe-based alloys have not been researched from 
corrosion point of view, nevertheless if such alloys with good corrosion resistance and high 
thermal stability can be produced, the engineering values of glassy alloys will increase 
significantly. 
 37
1.4 Mechanical Alloying 
This section deals with the processing technique that has been put to use for preparation 
of amorphous alloys. MA, a non-equilibrium process, is a simple and economical way of 
processing advanced materials. The process has been extensively used in this investigation to 
understand the different aspects of GFA in Fe-based alloy systems. 
1.4.1 Introduction 
Mechanical alloying (MA) is a powder processing technique where homogeneous 
materials are produced, starting from blended elemental powder mixtures. The technique was 
developed by John. S, Benjamin and his colleagues, as a way to produce nickel-based 
superalloys for gas turbine applications that needed the combination of high temperature strength 
of oxide dispersion and the intermediate-temperature strength of γ′ precipitate [89-91]. It is 
known that during milling action (heavy plastic deformation), there is an interplay between 
fracturing and cold welding of the particles. Depending on the nature (ductile or brittle) of the 
powder material, either of the events may dominate. Cold welding can be minimized by the 
addition of a surfactant (e.g., stearic acid), and consequently easy fracturing occurs leading to 
formation of fine particles. 
 MA is commonly a dry, high energy ball milling technique that has been employed in the 
production of a variety of commercially useful and scientifically advanced materials. The 
formation of an amorphous phase by mechanical milling of a Y-Co intermetallic compound in 
1981 [92] and in the Ni-Nb blended elemental system in 1983 [93] brought about the recognition 
of MA as a potential non-equilibrium processing technique. Apart from this, synthesis of a 
variety of stable and metastable phases, including supersaturated solid solutions, crystalline and 
quasicrystalline intermediate phases, were also investigated using MA [94-98]. Table 1.6 lists the 
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various attributes of MA. The process being simple, effective and scalable, efforts have been 
underway since 1990s to understand the process fundamentals of MA via the modeling route. 
Table 1.6: Various attributes of Mechanical Alloying. 
 
1. Production of fine dispersion of second phase particles 
2. Extension of solid solubility limits 
3. Refinement of grain sizes down to nanometer range 
4. Synthesis of novel crystalline and quasicrystalline phases 
5. Development of amorphous phases 
6. Disordering of ordered intermetallics 
7. Possibility of alloying of  immiscible elements/metals 
8. Inducement of chemical reactions at low temperatures 
9. Simple, cost effective and scalable process 
 
1.4.2 Classification of Mechanical Alloying 
Mechanical Alloying is the generic term used for processing of metal powders in high-
energy ball mills. Depending on the state of the starting powder mix and the processing steps 
involved, different terms have been coined in the literature. The most commonly used are 
mechanical alloying (MA) and mechanical milling (MM). MA describes the process when 
mixtures of elemental powders of two/more different alloys/compounds are milled to together to 
produce solid solutions, intermetallics or amorphous phases. In essence, material transfer is 
occurring to achieve a homogeneous alloy. But, in the case of MM, the materials (pure metals or 
intermetallics) are processed only to reduce particle size and increase the surface area. Here, no 
material transfer is involved, and the composition remains uniform. In MM, transformations are 
induced mechanically in prealloyed powders, where diffusion of atoms is not necessary; thus the 
time required for the process is short. Typically, the process of destruction of long range ordering 
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in intermetallics to produce a disordered intermetallic or an amorphous phase, is known as 
mechanical disordering. Some other terms that are used to describe the mechanical processing of 
powders include reaction milling, cryomilling, rod milling, mechanically activated annealing 
(M2A), double mechanical alloying (dMA) and mechanically activated self-propagating high-
temperature synthesis (MASHS). At this point, for further details, it is suggested that one can 
refer to Suryanarayana’s exhaustive compilation on MA/MM technique [99]. 
1.4.3 Mechanism 
MA involves loading of the blended elemental powder particles along with the grinding 
medium in a vial and subjecting the powder to heavy deformation. During the process, the 
powder particles are repeatedly flattened, fractured and rewelded. During the collision of two 
steel balls, a small amount of powder is trapped in between. Typically, around 1000 particles 
with a cumulative weight of 0.2 mg are trapped during each collision [100]. The force of the 
impact plastically deforms the powder particles, creates new surfaces, and enables the particles 
to weld together, which leads to an increase in particle size. Since, in the case of ductile material 
powders, the tendency to agglomerate is higher during the early stages of milling, a broad range 
of particle sizes develops and the composite particles have a layered structure consisting of 
various combinations of the starting constituents. With continued deformation, the particles get 
work hardened and fracture by a fatigue failure mechanism and/or fragmentation of fragile 
flakes. In the initial stage of milling the particle reduces in size drastically, since the tendency of 
fracture dominates over cold welding. The structure of the particles is steadily refined and the 
interlayer spacing decreases. It is estimated that within a few minutes to an hour, the lamellar 
spacing usually becomes small and the crystallite size is refined to nanometer dimensions. Figure 
1.13 shows a schematic representation of the milling mechanism. 
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Figure 1.13: A schematic representation of mechanical milling [94]. 
 
 On milling for a certain length of time, steady-state equilibrium is attained, between rate 
of welding and fracturing. Thus, the increase in average particle size due to cold welding is 
balanced by a decrease in particle size due to fracturing. Particle size reaches a steady state with 
a narrow size distribution. At this stage each particle contains substantially all of the starting 
ingredients according the composition of the initial powder mix and at the same time due to the 
accumulation of strain energy, the particles reach saturation hardness. Due to increased amount 
of cold working, the number of crystal defects introduced (dislocations, vacancies, grain 
boundaries, stacking faults etc.) increases with time and thus diffusivity of solute elements 
increases. The slight increase in local temperature due to impact of the ball to ball, ball to vial 
wall and ball to powder also facilitates diffusion.  
 Finally, alloying takes place and grain size becomes more or less uniform. The lamellar 
structures are no more resolvable under an optical microscope. The compositions of the 
individual particles are equivalent to those of the initial powder blend. 
1.4.4 Process Variables 
MA is a complex process involving optimization of a number of process variables to 
achieve the desired product phase, microstructure, and/or properties. A brief description of the 
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different process variables having an effect on the final constitution of the milled powder with a 
given composition is given below. 
Type of Mill  
There are different types of mills available based on their capacity, speed of operation and ability 
to control temperature and contamination. Depending on the type of powder, the quantity of 
powder to be milled, and the final constitution required, a suitable mill can be chosen. SPEX 
shaker mills are generally used for research purposes. The Fritsch Pulverisette planetary ball 
mills or attritors are used to produce large quantities of the milled powder. Specially designed 
mills are used for specific applications. Investigations have shown that the degree of 
contamination, amount of amorphous phase formed, crystallization temperature, and the 
activation energy for crystallization of the amorphous phase depend on the type of mill used 
[101]. 
Milling Container 
The vial or container used for milling can be an important variable since due to the impact of the 
grinding medium on the inner walls of the container some material will get eroded and will get  
into the powder. Thus, the material of the vial may affect the chemistry of the milled powder. If 
the vial material is different than the composition of the powder being milled, it may act as a 
source of contamination. 
 The shape of the container is also important, especially the internal design of the 
container. Alloying was found to occur at significantly higher rates in the flat ended vial than in 
the round ended container [102]. In the round-ended vial, the balls roll around the end of the vial 
rather than hitting it, thereby decreasing the milling intensity. Proper design of milling container 
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is important in avoiding the formation of dead zones, areas where the powder does not get milled 
because the grinding medium cannot reach. 
Milling Energy/Speed 
Based on elementary physics of motion, the faster the mill rotates higher will be the energy 
imparted to the powder. Since kinetic energy of the grinding medium is directly proportional to 
the square of its relative velocity, thus energy input to the powder is higher at higher relative 
velocity of the grinding medium. However, depending on the mill design and dynamics of the 
milling medium, certain limitation exists for the maximal speed. Beyond a critical speed (usually 
in conventional mills), the ball gets pinned to the inner wall of the vial due to which collision 
suffers. Thus, maximum collision energy can be obtained below a critical speed of rotation.  
Milling time 
The chosen time for milling should be such that a steady state between fracturing and cold 
welding of powder particles is achieved to facilitate alloying. It depends on the type of mill used, 
mill settings, intensity of milling, ball to powder weight ratio (BPR) and temperature of milling. 
The required time is decided for each combination of the above parameters and for the particular 
powder system under consideration. It has been noted for some reactive systems (containing Zr 
and Ti, for example) [103] that longer milling time increases contamination level and formation 
of undesirable phases. As a rule of thumb, the times required for high energy mills are shorter 
than for low energy mills. Also times are shorter for high BPR values and longer for low BPR 
values. 
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Grinding medium  
The material, size and size distribution of the grinding medium are important variables affecting 
the efficiency of alloying. The density of the grinding medium should be high enough to create 
enough kinetic energy that can be transferred to the powders due to collision of the medium 
while milling. Gonzalez et al. [104] compared the milling efficiencies of steel and WC (tungsten 
carbide) grinding media during milling of Fe-50 at. % Co powders and noted that a solid solution 
of Co in Fe formed after 5 h of milling in both cases. However, heterogeneity was observed 
when steel media was used as compared to WC, where alloying was more homogeneous.  
 The size of the grinding medium also has an influence on the milling efficiency. In 
general, a single size of the grinding medium is used in the experiments. However, use of balls 
with different diameters has proven to have some advantage over a single size. During milling, 
combination of large and small balls minimizes the amount of cold welding and the amount of 
powder coated onto the surface of the balls, thus improving the yield [105]. Another advantage 
of using a combination of small and large balls was to improve the random motion of the 
grinding medium. This way the collision between balls and vial wall will enhance instead of the 
balls rolling along a well defined path and producing track [106]. 
Ball to powder weight ratio 
 The ratio of the weight of the balls to the powder (BPR), sometimes referred to as charge 
ratio (CR), is an important variable in the milling process. The ratio has been varied by different 
investigators from a value as low as 1:1 [107] to one as high as 1000:1 [108].  A very high value 
of BPR is uncommon and is used in only very special cases. BPR usually varies with size and 
intensity of the mill. Usually 10:1 is commonly used while milling the powder in small capacity. 
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However, in high energy SPEX mill, the ratio varies from 4:1 to 30:1. In the case of large 
capacity and low energy mills, e.g., attritors, a higher BPR of 50:1 or 100:1 has also been used.   
Extent of filling the vial 
Since alloying among the powder particles occurs mainly due to impact forces exerted on them, 
it is necessary that there will be enough space for the balls and the powder particles to move 
around freely in the milling container. Therefore, the extent of filling the vial with the powder 
and the balls is important. If the quantity of the balls and the powder is very small, then the 
production rate is very low. On the other hand, if the quantity is large, then there is not enough 
space for the balls to move around and so the energy of the impact is less. Consequently, 
alloying may not occur, and even if it occurs, it may take a very long time. Thus care must be 
taken not to overfill the vial; generally about 50 % or a little more of the vial space is left empty. 
Milling atmosphere 
The MA process is normally conducted under vacuum or in an inert atmosphere to 
prevent/minimize oxidation and/ or contamination of the milled powder. The milling atmosphere 
has a significant effect on the nature and extent of contamination of the powder. Therefore the 
powders are usually milled inside containers, which are evacuated or filled with an inert gas such 
as argon or helium. In some cases nitrogen is used but only to produce nitrides and not for 
minimizing contamination. High purity argon is the most common atmosphere used during 
investigations.  
Process control agent 
 During milling the powder particles get cold welded to each other, and sometimes 
excessively if they are ductile. However, efficient alloying takes place when there is a balance 
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between cold welding and fracturing of powder particles. A process control agent (PCA), also 
known as surfactant, is added to the powder mixture during milling to reduce the effect of 
excessive cold welding. The PCA can be in the form of a solid, liquid or gas. They are in general 
organic compounds which act as surface-active agents. They get adsorbed on the surface of the 
powder particles and minimize cold welding among powder particles, thereby inhibiting 
agglomeration.  
Temperature of milling 
 The last variable affecting the milling process is the temperature. Although, milling 
generates localized increase in temperature, yet, the global rise in temperature is not more than 
about 200 0C [99]. However, since diffusion processes are involved in the formation of alloy 
phases, irrespective of whether the final product phase is a solid solution, intermetallic, 
nanostructure or an amorphous phase, the temperature is expected to have a significant effect in 
any alloy system. 
1.5 Solid-State Amorphization  
1.5.1 Introduction 
Amorphous (metallic) alloys are obtained by processes other than cooling from the liquid 
state. Although the structure being same with that of glass, yet the latter is obtained by cooling 
liquid alloy at such a rate that crystallization is avoided kinetically. These amorphous alloys can 
be made by several non-equilibrium processing techniques, such as rapid solidification, vapor 
deposition, plasma processing and laser processing [100, 109-111]. These methods have a 
commonality in change of state of matter, either from liquid or vapor phase to solid phase, where 
formation of glassy phase is associated with critical cooling rate or amount of undercooling.  
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 Some methods that are used to amorphize without going through the liquid or vapor 
phase are known as solid-state amorphization reactions; they include irradiation [112], hydrogen 
assisted amorphization [113, 114], interdiffusion of elemental metals [115], pressure induced 
vitrification (amorphization) [116] and heavy mechanical deformation (cold rolling followed by 
low temperature annealing). Apart from all these methods mechanical alloying and mechanical 
milling have proven to be the most effective way of producing amorphous alloys in the solid 
state.  
1.5.2 Sequence of reactions during MA/MM 
There are different reaction routes through which amorphization can be achieved. Starting 
from blended elemental powders, an amorphous phase can be formed through the formation of 
an intermetallic or supersaturated solution phase. The reactions for a binary system with 
elements A and B can be represented as shown below: 
a) mA + nB           (AmBn)amorphous  
b) mA + nB          (AmBn)crystalline             (AmBn)amorphous 
c) mA + nB =  Am(Bn) = (AmBn)amorphous 
d) mA + nB = Am(Bn) = (AmBn)crystalline = (AmBn)amorphous 
where Am(Bn) represents a solid solution of B in A, (AmBn)crystalline represents a crystalline 
intermetallic phase, and (AmBn)amorphous represents the amorphous phase with the composition 
AmBn.  
1.5.3 Thermodynamics and Kinetics of solid state amorphization 
Rapid solidification process relied on the condition of deep eutectic composition, where 
high values of Trg were obtained. In mechanically alloyed materials it was seen that 
amorphization was observed at near-equiatomic composition, irrespective of the nature of the 
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phase diagram [117]. The occurrence can be well explained with the help of a hypothetical 
binary phase diagram between elements A and B. Figure 1.14(a) shows the presence of terminal 
solid solutions α and β, with an intermediate phase γ and liquid L. The Gibb’s free energy of the 
different phases at temperature Tr, is shown as a function of composition in figure 1.14b, with an 
assumption that the free energy of the undercooled liquid very closely represents the free energy 
of the amorphous phase. At this temperature α, β, γ, and mixtures of these phases are 
thermodynamically stable, where as L is metastable. 
  
 
Figure 1.14:  a) Hypothetical binary phase diagram exhibiting limited solid solubility on both 
ends and also showing the presence of an intermetallic phase. b) Gibb’s Free 
energy vs solute composition at a temperature corresponding to Tr. Note the 
b 
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points 1, 2 and 3 represent the free energy values of the mixture of A and B, 
amorphous phase, and the intermetallic, respectively [114]. 
 
In Figure 1.14(b), point 1 corresponds to the free energy (Gc) of equiatomic blended elemental 
powder mixture. Point 2 corresponds to the free energy of amorphous phase (Ga) and point 3 
corresponds to the formation of γ phase, lowest free energy state (Gi). Although 
thermodynamically γ phase is seen to be the most stable phase, kinetically it can be prevented 
from occurring. This is achieved by raising the energy of the system beyond point 2, in Figure 
1.14(b). The reaction, from crystalline elemental mixture to formation of intermetallic can be 
prevented by proper choice of metals, the reaction temperature and reaction time. As proposed 
by Schwarz and Johnson [115], the conditions that must be satisfied for an amorphous alloy to 
form from a blended elemental powder mixture are: (a) The two components must have a large 
negative heat of mixing and (b) They should have asymmetrical diffusion coefficients, i.e., one 
of the components will be capable of diffusing much faster than the other. However, 
investigators have found that the heat of mixing, which is the thermodynamic driving force for 
amorphization to occur, is a prerequisite for rapid solidification process and not an essential 
condition for MA, since alloy systems with positive heat of mixing have been amorphized by 
MA. The second condition of asymmetric diffusion has been seen to favor amorphization and is 
related to the atomic size difference for different elements [117]. The milling temperature is 
another important condition to consider before going for amorphization. Increase in temperature 
during milling may cause crystallization, if it exceeds the crystallization temperature. Over and 
above if the milling is carried out at higher temperature, stability of the amorphous phase will be 
significantly reduced. It has also been seen in the cases of hard milling conditions, when milling 
intensities are high or high BPR are maintained, crystallization of the amorphous phases was 
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found to occur. With regard to reaction time, one has to optimize so that the kinetics are 
favorable for amorphization without leading to crystallization.  
In case of MA, it has been seen that with higher reaction time vis-à-vis milling time, 
mechanical crystallization takes place which is very different from thermal crystallization. 
Nevertheless, an amorphous phase transforms to crystalline phase/phases.  This time scale 
criteria can be understood with the help of Figure 1. 15. With reference to Figure 1.15, it can be 
seen that the time taken for the elemental blended powders to transform to amorphous (tc→a) 
should be much less than the time for forming stable intermetallic (tc→i). Also in order to 
maintain the stability of the amorphous phase (being a metastable one), ta→i should be much 
longer than tc→a. 
 
Figure 1.15:  Schematic free energy diagram indicating time scale criteria required for solid state 
amorphization [98].  
 
1.5.3 Mechanical Alloying and Rapid Solidification Processing 
As metallic glasses and amorphous alloys have been predominantly produced by MA and 
RSP, it will be apt to seek the differences/similarities between the two processes. The 
G 
Gi (Intermetallic) 
Ga (Amorphous) 
tc→a 
tc→i 
ta→i 
Gc (Blended elemental powder) 
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comparison will elucidate the subtle variation in materials features based on the processing 
techniques, even though structurally they are same.  
The crystallization temperature of the amorphous alloys produced by MA technique is 
different from that of metallic glasses produced by RSP. It is also seen that the activation energy 
for crystallization is of RSP alloys is much higher than for MA alloys [118, 119]. In case of RSP, 
equilibrium phase diagrams are good indicators for the compositions with easy glass forming 
ability. It is usually near the vicinity of deep eutectics, because of high reduced glass transition 
temperature (Trg), since amorphization is easy for alloys with high Trg values. However, with MA 
the amorphous phase is mostly obtained around equiatomic compositions. Also, the composition 
range for amorphous phase is much wider in alloys produced by MA than in those obtained by 
RSP [120].  
Difficulty in amorphization has been observed with RSP at compositions away from 
eutectic; having melting maxima, alloys having too many peritectic reactions, high eutectics and 
also alloys having positive heat of mixing. However, amorphization has been observed in most 
of the cases by MA/MM [121-123]. Another important difference observed in the amorphous 
phases synthesized by MA and RSP techniques is the crystallization behavior with respect to the 
degree of thermal relaxation. MA alloys have been observed to be in a very unrelaxed state, this 
happens since the process is conducted at or near room temperature. It has also been seen that the 
crystallization products on annealing are different for MA and RSP, in the same alloy. Such 
differences may prove to be very useful in probing the microscopic origin of glass forming 
ability and relaxation processes.  
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1.6 Fe-based amorphous alloys by MA 
Table 1.7 below lists the various Fe-based amorphous alloys synthesized by MA/MM till 
date, along with their respective milling parameters and references. 
Table 1.7: List of Fe-based amorphous systems obtained by Milling technique. 
 
System Mill Vial 
Materials
Grinding 
medium 
BPR Speed Milling 
time (h) 
Ref.  
Fe-20 B Planetary     100 [124] 
Fe-50 B Fritsch  WC 50:1  30 [125] 
Fe-50 B Ball Mill SS Hardened 
steel 
10:1  250 [126] 
Fe-60B Ball Mill SS Hardened 
steel 
10:1  300 [126] 
Fe-B Planetary SS  15:1 200  [127] 
Fe-15B-10Si Fritsch P5   5:1  350 [128] 
Fe-25C Ball Mill SS Hardened 
steel 
  700 [129] 
Fe-70C Ball Mill SS SS 100:1  1000 [130] 
Fe-32C-14Si Ball Mill SS SS 100:1  500 [130] 
Fe-16C-16Si Ball Mill SS SS 100:1  500 [130] 
Fe-30C-25Si Ball Mill SS SS 100:1  500 [130] 
Fe-15C-29Si Ball Mill SS SS 100:1  500 [130] 
(Fe0.5Co0.5)60Cu2V8B30 Planetary SS  15:1 240 100 [131] 
Fe-50Cr Fritsch P5 SS SS  430 200 [132] 
Fe83-xCrxC17 (x= 10 to 60) Planetary   11.3:1  200 [133] 
Fe80-xCrxN20 (x = 0 to 24) Planetary   11.3:1  200 [133] 
(Fe0.5Cu0.5)83-87Zr13-17 Planetary Hardened 
steel 
Hardened 
steel 
15:1  85 [134] 
(Fe0.5Cu0.5)Zr15 Planetary Hardened 
steel 
Hardened 
steel 
15:1  85 [135] 
Fe83-xMoxC17 (x = 5 to 60) Planetary   11.3:1  200 [133] 
Fe-50Nb Spex 8000 High 
speed 
steel 
Cr steel 5:1  5 [136] 
Fe40Ni40B20 Fritsch P5 SS SS 9.6:1 573 280 [137] 
Fe40Ni40P14B6 Frsitsch 
P5 
SS SS 9.6:1 573 24 [137] 
Fe40Ni40P20-xSix (x = 6, 10, 
14) 
Fritsch P5 SS SS 5:1   [138] 
Fe40Ni38Si12B10 SPEX 
8000 
Hardened 
tool steel 
 8:1  30 [138] 
Fe75P25 Planetary SS  15:1 200  [139] 
Fe90Si10/Fe80Si20 Planetary    300  [124] 
Fe70Si15B15 Planetary    300  [124] 
Fe67Ti33 Spex 8000 WC SS   16 [140] 
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System Mill Vial 
Materials
Grinding 
medium 
BPR Speed Milling 
time (h) 
Ref.  
Fe64Tb36 High 
Energy 
vibration 
ball mill 
WC WC 10:1   [141] 
Fe75-xVxC25 (x = 0-30)    11.3:1  200 [133] 
Fe70W30 Fritsch P5 Hardened 
steel 
Hardened 
Steel 
10:1 153 1700 [142] 
Fe50W50 Fritsch P5 Hardened 
Steel 
Hardened 
Steel 
10:1 153 1700 [142] 
Fe84Zr16 Fritsch P5 Steel  Steel   60 [143] 
Fe80Zr20 Fritsch P5 Steel Steel   60 [143] 
Fe60Zr40 Planetary   13:1  30 [144] 
Fe40Zr60 Fritsch Steel  13:1  20 [80] 
Fe42M28Zr10B20(M = Ni, Al, 
Ge) 
SPEX 
8000 
SS Hardened 
Steel 
10:1  20, 10, 
10 
[145] 
Fe42M28Zr10-xNbxB20 (x = 1, 
2, 4, 6) 
SPEX 
8000 
SS Hardened 
Steel 
10:1  10, 5, 8, 
15 
[146] 
Fe42M28Zr10C10B10(M=Ni,Al) SPEX 
8000 
SS Hardened 
Steel  
10:1  8, 5 [147] 
 
1.7 Characterization of amorphous powders 
Characterization techniques depend a lot on the kind of information one is interested 
during the course of the investigation. Broadly, amorphous powders are characterized for their 
nature, thermal stability, structures and specific properties, like magnetic or corrosion for Fe-
based amorphous alloys. Usually an amorphous phase is identified with the help of X-ray 
diffraction (XRD) technique. The results can be further supported with the help of transmission 
electron microscopy (TEM) and differential scanning calorimetry (DSC) techniques. 
1.7.1 X-Ray Diffraction 
  X-ray diffraction is a powerful technique used to identify the crystalline phases present in 
materials and to measure the structural properties (strain state, grain size, phase composition, 
preferred orientation and defect structure). It is also used to determine the thickness of thin films 
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and atomic arrangements in amorphous materials and at interfaces. XRD is a non-destructive 
technique and is mostly sensitive to high Z (atomic weight) element, since the diffracted 
intensity is very high for these than from low Z elements. 
 A typical XRD pattern of an amorphous material is shown below in Figure 1.16. 
 
Figure 1.16: A characteristic XRD plot of amorphous alloys, indicated by a broad diffuse halo.   
Here the amorphous phase belongs to various compositions of Cu-Hf-Ti system. 
 
In the case of amorphous materials the diffraction pattern is devoid of any sharp peaks which are 
characteristic of crystalline phase, and consist of broad diffuse halos. Quantitative analysis of 
XRD data from amorphous materials is complicated but provides important information on the 
local atomic structure (short range order), including the bond lengths, the number of neighbors, 
and the extent of atomic correlations. Since the diffraction from amorphous materials is weak, 
thick specimens or synchrotron radiation is necessary, particularly for low-Z materials.  
1.7.2 Transmission Electron Microscopy 
Transmission Electron Microscopy (TEM) has the advantages of high lateral spatial 
resolution and its capability to provide both imaging and diffraction information from a single 
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sample. In addition, the highly energetic beam of electrons used in TEM interacts with sample 
matter to produce characteristic radiation and particles; these signals often are measured to 
provide materials characterization using EDS, EELS, EXELFS, backscattered and secondary 
electron imaging, to name a few possible techniques. 
A typical diffraction pattern of an amorphous material as seen by TEM is shown in 
Figure 1.17. 
 
Figure 1.17:  Characteristic TEM high resolution bright field image of Zr-based bulk metallic 
glass. In the inset selected area electron diffraction pattern is shown. Note the 
diffuse nature of the rings characteristic of amorphous materials. 
 
Transmission electron microscopy can be used to substantiate the presence of amorphous 
phase. The technique being destructive in nature needs sample preparation which takes lot of 
effort and time. Another important point to be noted in the case of amorphous materials is that 
the result of TEM is much localized and does not give bulk information. Thus this technique is 
good for supporting the XRD results towards the presence of amorphous phase.  
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1.7.3 Differential Scanning Calorimetry 
Differential scanning calorimetry monitors heat effects associated with phase transitions and 
chemical reactions as a function of temperature. A typical DSC scan of amorphous materials is 
shown in the Figure 1.18 below. 
 
 
 
 
 
 
 
 
Figure 1.18: A hypothetical DSC scan of an amorphous material, showing the transition 
temperatures. Tg is the glass transition temperature, Tx1 and Tx2 being the onset of 
the first crystallization temperature, and Tm is the onset of melting.  
 
 In a DSC the difference in heat flow to the sample and a reference at the same 
temperature, is recorded as a function of temperature. The reference is an inert material such as 
alumina, or just an empty aluminum pan. The temperature of both the sample and reference are 
increased at a constant rate. Since the DSC is at constant pressure, heat flow is equivalent to 
enthalpy changes: 
 56
⎟⎠
⎞⎜⎝
⎛=⎟⎠
⎞⎜⎝
⎛
dt
dH
dt
dq
P
, here dH/dt is the heat flow measured in mcal sec-1. The heat flow difference 
between the sample and the reference is: 
referencesample dt
dH
dt
dH
dt
dH ⎟⎠
⎞⎜⎝
⎛−⎟⎠
⎞⎜⎝
⎛=∆ and can be either 
positive or negative.  
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CHAPTER 2:  
 A CRITERION FOR ESTIMATING THE GLASS-FORMING ABILITY OF 
Fe-BASED ALLOYS 
2.1 Introduction 
Metallic glasses have an attractive combination of physical, chemical and mechanical 
properties attributed to their atomic structure [109, 148-150].  In the past, high solidification 
rates (about 106 K/s) were required to produce metallic glasses (or amorphous alloys) in the form 
of thin ribbons with thicknesses less than about 50 µm. By optimizing the nature of the 
constituent elements and alloy composition, it has been possible to reduce the critical cooling 
rate required to form metallic glasses to as low as 1 K/s and consequently the section thickness 
has been increased to several tens of millimeters; these are referred to as bulk metallic glasses 
[10, 11, 35, 151, 152].   Most of the bulk metallic glasses are obtained in Zr, Ti, Mg, Ni and Cu 
systems [10, 11, 35, 151, 152] .  Several attempts have been made to understand the mechanism 
of amorphization and determine criteria for glass formation in order to predict alloy 
compositions that possess high glass-forming ability (GFA).  One of the earliest criteria that was 
proposed was that an alloy with a high reduced glass transition temperature (Trg) defined as Trg = 
Tg/Tl, where Tg is the glass transition temperature and Tl is the liquidus/melting temperature, 
exhibits a high GFA [7, 153]. Consequently, alloy compositions showing a deep eutectic were 
shown to be the best glass formers. Inoue [11] had proposed three different criteria to predict 
GFA in bulk metallic glass systems. These are (i) presence of three or more constituent elements 
in the alloy system chosen, (ii) atomic size difference of about 12 % among the main constituent 
elements, and (iii) negative heat of mixing among the main constituent elements. Even though 
the above rules have provided a general framework to predict alloy compositions that have a 
high GFA, several exceptions have been noted in recent years.  It was recently reported that off-
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eutectic alloys are better glass formers than eutectic alloys in the Zr-Cu [25], Ni-Nb [49], and 
Cu-Hf [154] systems. Thus, two of the most important requirements, viz., necessity of a 
minimum of three components and deep-eutectic compositions, have been violated in these 
cases. New criteria utilizing the γ parameter [γ = Tx1/(Tg + Tl), where Tx1 is the first 
crystallization temperature] proposed by Lu and Liu [155] and the γ* parameter [γ* = 
∆Ham/(∆Hinter – ∆Ham), where ∆H represents the enthalpy of formation and the superscripts am 
and inter represent the amorphous and intermetallic, respectively] proposed by Xia et al. [49, 
154] seem to satisfactorily capture many of the experimental observations.     
        It has not been possible to obtain large section thicknesses in bulk metallic glasses of Fe-
based alloy systems through the solidification route; the maximum reported so far is about 16 
check the reference please mm [34]. Since mechanical alloying (MA) has been known to be an 
efficient method to synthesize amorphous alloy powders [99, 156], our objective was to produce 
large sections of amorphous Fe-based alloys by this method.  This is feasible by first producing 
amorphous Fe-based alloy powders through a high-energy ball milling technique and 
consolidating them to different section thicknesses by hot isostatic pressing [157].  In the course 
of these investigations, we have identified a simple criterion to determine GFA of alloy systems, 
the subject matter of the present Chapter. 
A number of quaternary alloy compositions based on Fe and with the general 
composition Fe42X28Zr10B20 (where X = Al, Co, Ge, Mn, Ni, and Sn) were selected for the 
present study.  The element X was selected based on the number of intermetallics it forms with 
Zr under equilibrium conditions at room temperature [158].  The number of intermetallics with 
the element Zr gradually increases from 1 with Mn to 8 with Al that provides a basis to analyze 
the results systematically. Further, the negative heat of formation of the intermetallics with Zr is 
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much higher than that with either Fe or B [159]. Thus, the probability of forming an intermetallic 
with Zr during milling is higher than with Fe or B. 
2.2 Experimental Procedure 
Pure elemental powders of >99.9 % purity were blended together for each alloy system 
and MA was carried out in a high-energy SPEX CertiPrep 8000 D shaker mill using hardened 
steel balls, maintaining a ball-to-powder weight ratio of 10:1. The weighing, blending, loading, 
and unloading of powders were carried out inside a glove box filled with a controlled atmosphere 
of argon, so as to minimize powder contamination. The phase evolution during milling was 
monitored by conducting X-ray diffraction (XRD) experiments on samples collected after every 
10 hours of milling.  
2.3 Results 
 
Figure 2.1 shows the XRD patterns of the blended elemental (BE) powder mixture of 
Fe42Al28Zr10B20 as a function of milling time. It is noted that amorphization has commenced after 
about 10 h of milling, as evidenced by the presence of a broad diffuse peak at the position of the 
(110)Fe peak. This broad diffuse peak continued to be present till about 40 h of milling 
suggesting that the amorphous phase produced is quite stable. However, on milling this 
amorphous powder further, this diffuse peak started to become sharp. Additionally, some new 
peaks appear suggesting that the previously formed amorphous phase crystallizes on continued 
milling. This phenomenon has been termed mechanical crystallization [157].  With continued 
milling, the presence of diffraction peaks corresponding to the Fe3Al intermetallic phase were 
evident. 
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During the early stages of milling, e.g., less than 10 h, the XRD patterns clearly show 
evidence of formation of the intermetallic phases in the milled Fe42Al28Zr10B20 powder (Figure 
2.2).  On continued milling, the powder becomes amorphous, at temperatures longer than 10 h 
(see Figure 2.1). Similar observations of amorphous phase formation on milling the BE powder 
mixtures were additionally noted in alloy systems with X = Ge and Ni.  
 
Figure 2.1: XRD patterns of blended elemental powder mix of Fe42Al28Zr10B20 as a function of 
milling time. Note that the amorphous phase has started to form on milling for 
about 10 h and that the amorphous phase was stable up to about 40 h.  Milling 
beyond this time resulted in mechanical crystallization of the amorphous powder.   
 
Figure 2.3 shows the XRD patterns of the Fe42Co28Zr10B20 powder mix as a function of 
milling time. In contrast to the above results for the afore-mentioned alloy systems, no 
amorphous phase formation was noted in this Co-containing alloy. Instead, only a solid solution  
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Figure 2.2: XRD patterns of blended elemental powder mix of Fe42Al28Zr10B20 at early times of 
milling. Note that formation of intermetallics is observed during early hours of 
milling.  At longer milling times, e.g., more than 10 h, an amorphous phase begins 
to form (Fig. 1). 
 
was obtained on MA of the BE powder mix for 10 h; the solid solution phase continued to be 
stable on milling the powder for even up to 30 h.  Another interesting observation is that the peak 
breadth started to decrease on continued milling, attributed to the slight increase in temperature 
achieved during milling, and consequent coarsening of the grain structure.  Similarly, 
amorphization was also not achieved in powder blends containing Mn and Sn.  However, the 
phase formation sequence appears to be different in the last two cases.   
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Figure 2.3: XRD patterns of Fe42Co28Zr10B20   powder mix as a function of milling time.  Note 
that an amorphous phase had not formed in this case; instead only a solid solution 
phase was obtained on milling for 30 h.  
 
The results of the phase formation sequence in all the six powder blends can be 
summarized into three groups as follows: 
1. BE Powder → Intermetallics → Solid Solution  
Examples: Mn- and Sn-containing systems 
2. BE Powder → Solid Solution 
Example: Co-containing system 
3. BE Powder → Intermetallics → Amorphous Phase → (Mechanical) Crystallization 
Examples: Al-, Ge-, and Ni-containing systems 
 The time required for amorphization, which can be considered a measure of the GFA of 
the alloy, also is different for different powder blends.  Table I summarizes the results obtained 
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in this investigation, including the equilibrium number of intermetallics present between X and 
the constituent elements (Zr, Fe, or B) in the powder blend.  From the above results it is clear 
that amorphization was achieved in powder blends containing Al, Ge, or Ni while amorphization 
was not obtained in powder blends containing Co, Mn or Sn.    
2.4 Discussion 
 Let us now look at the reasons for the formation of an amorphous phase in some select 
systems and not in all. A close examination of Table 2.1 clearly reveals that the ease of 
amorphization (i.e., GFA) increases with the number of intermetallics present in the constituent 
Zr-X binary phase diagrams.  
Table 2.1:  Summary of the results of amorphization including the number of intermetallics 
between the element X and Zr, Fe, or B.  
 
X Number of 
Intermetallics 
between X and 
Zr  
Number of 
Intermetallics 
between X and 
Fe 
Number of 
Intermetallics 
between X and 
B 
Total 
Number of 
Intermetallic
s 
Milling Time 
Required for 
Amorphization (h)
Mn 1 Nil 5 6 No Amorphization 
Sn 3 2 Nil 5 No Amorphization 
Ge 5 5 Nil 10 10 
Co 5 Nil 3 8  No Amorphization 
Ni 7 1 4 12 20 
Al 8 5 2 15 10 
  
This is apparent from the powder blends containing Al or Ni, which amorphize in 10 and 20 h, 
respectively. While the quaternary Fe-Zr-Al-B contains 8 intermetallic phases in the binary 
system between Zr and Al, the Fe-Zr-Ni-B contains 7 intermetallic phases in the binary system 
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between Zr and Ni.  Similarly, the Ge-containing system which also amorphizes in 10 h, contains 
5 intermetallics between Zr and Ge. The Zr-Co, Zr-Sn and Zr-Mn binary systems which do not 
show amorphization contain 5, 3, and 1 intermetallics, respectively.  The only exception is the 
Ge-containing system, which amorphizes in 10 h, but contains only 5 intermetallics between Zr 
and Ge.   
The situation will, however, be different when we consider the total number of 
intermetallics present in all the constituent binary alloy systems.  Thus, in the amorphous phase 
forming systems, the total number of intermetallics present in all the constituent binary alloy 
systems is more than 11. For example, the total number of intermetallics between element X and 
Zr, Fe or B, is 15 (maximum) in the system containing Al, followed by Ni with 12. 
Amorphization of Ge- containing alloy, with a total of 10 intermetallics is explained by the fact 
that Ge is semi-metallic in nature with a covalent bonding, and therefore has an easy tendency to 
amorphize compared to other elements.  Accordingly, it is noted that when the total number of 
intermetallics is ≥ 10, amorphization is observed in the systems. If it is less than this, amorphous 
phase formation is not observed.  At this stage, we cannot attribute a specific reason for this 
number 10, except to mention that the greater the number of intermetallics in the system, the 
easier it is for it to amorphize. 
 Another important point may be noted from an observation of the constituent binary 
phase diagrams in these alloy systems. If the Fe-X binary phase diagram shows the presence of a 
solid solution phase at room temperature, amorphization is inhibited. This has been found to be 
true in Fe-Co, Fe-Mn, and Fe-Sn binary alloy systems. 
 Let us now look at the possible reasons for the relationship between the presence of 
intermetallics or solid solution in the phase diagrams and the formation of an amorphous phase. 
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As has been discussed in the literature [99, 156, 160, 161], the reason for the formation of an 
amorphous phase in powder blends subjected to heavy deformation is the increase in free energy 
of the system by storage of energy.  That is, the energy contributions by crystal defects generated 
by heavy deformation increases the free energy of the crystalline phase above that of the 
hypothetical amorphous phase.  Thus, amorphization occurs when GC + GD > GA, where GC = 
free energy of the crystalline phase, GD = free energy increase due to defects, and GA = free 
energy of the amorphous phase.  Consequently, due to accumulation of defects, the crystalline 
phase becomes destabilized and the amorphous phase becomes stable.  However, once the solid 
solution phase forms, it becomes difficult to store sufficient energy into the system so as to 
increase it above that of the amorphous phase. Then, formation of an amorphous phase becomes 
impossible.  
        During mechanical alloying and milling, a variety of crystal defects including dislocations, 
grain boundaries, stacking faults, and antiphase boundaries, etc. are introduced into the alloy and 
the rate of defect production controls the kinetics of amorphization. Intermetallics generally are 
line compounds having a narrow composition range. Thus, a slight deviation from stochiometry 
can result in a large rise in the free energy of the system, which is also known as anti-site 
disordering. When material transfer occurs due to disordering of the lattice, the free energy will 
increase further, thus favoring amorphization. The free energy change associated with the 
crystalline to amorphous transformation is typically about 5 to 20 kJ mol-1 [Ref. [161]].  
The relative contributions of these different defects to raise the energy of the system are 
different and their values are summarized in Table 2.2. 
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Table 2.2: Representative maximum energy contributed by different crystalline defects. 
 
Type of defect Maximum energy  (kJ/mole of 
atoms) 
Dislocation (1016/ m2) 1 
Grain size (1 nm) 10 
Disordering 12 
Vacancies (1%) 1 
 
 From this table, it can be clearly seen that the maximum contribution to the energy comes from 
creation of new grain boundaries (i.e., formation of nano- or ultrafine-grained material) and 
disordering introduced into the intermetallic phase by the process of heavy deformation [162]. 
Thus, the maximum increase in free energy arises from creating new grain boundaries and the 
disordering of intermetallics present in the system and this contributes to the amorphization of 
the system.  On the other hand, when a solid solution forms during milling, the only defects that 
can be introduced into the system are dislocations and grain boundaries, and the energy that can 
be introduced into the system this way is much less than what can be done in an intermetallic.  
Consequently, amorphous phase formation becomes difficult once a solid solution phase had 
formed.  It may also be noted that the disorder induced in an alloy during MA is comparable to 
the disorder caused by an increase in temperature of the same alloy [99, 156]. Thus, during 
milling, the effective temperature of the system can be considered to have increased from 
ambient to an elevated temperature.    
2.5 Conclusion 
From the above analysis it can be concluded that by observing the equilibrium phase 
diagrams it is possible to predict whether a system can form an amorphous phase during MA or 
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not.  If the alloy system contains a solid solution phase over a wide composition range, 
amorphization is not possible.  On the other hand, when a large number of intermetallics are 
present, amorphization is easy.  This has been demonstrated with a number of alloy systems. 
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CHAPTER 3:  
 EFFECT OF Nb ADDITION ON GLASS FORMING ABILITY OF Fe-
BASED SYSTEMS 
3.1  Introduction 
 
During the last decade significant developments in the field of metallic glasses have 
taken place, and the main focus has been on the development of alloy systems with high glass 
forming ability (GFA). The superior mechanical and physical properties of metallic glassy alloys 
as compared to their crystalline counterparts have been attributed to the atomic structure and 
composition. In the past, high cooling rates (105 K/s) were required to produce amorphous 
phases in the form of flakes, ribbon and powder that resulted in sample thickness less than 50 
micrometers [148]. With further advancement, the cooling rate required to produce amorphous 
phases has been brought down to as low as < 102 K/s and with development of new casting 
techniques glassy alloys as large as 70 mm have been produced [163, 164]. Most of the bulk 
metallic glasses have been obtained in Zr, Ti, Mg, Ni and Cu systems [11, 164]. Various 
attempts have been made to understand the mechanism of amorphization in order to predict the 
alloy composition with a high glass forming ability.  Several criteria have been proposed in order 
to quantify and predict glass forming ability (GFA) in an alloy system to fabricate bulk metallic 
glass systems [49, 154, 165-169].  
The BMGs have a major drawback i.e. lack of room temperature plasticity. Under tensile 
loading they fail catastrophically on one dominant shear plane and show very little global 
plasticity [170-172]. The limitation in global plasticity prevents the use of BMG as a structural 
material. Thus improvement on plasticity provides a motivation for further exploration of BMG 
material as structural material. Very recently it has been observed by Park et al. that addition of 
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an alloying element with a positive heat of mixing with a constituent element of a given alloy 
system improves plasticity as well as GFA [173, 174]. Therefore, in our work we have made an 
attempt to improve the glass forming ability of a Fe-based alloy system by addition of Nb, via 
mechanical milling (MM). The GFA was quantified vis-à-vis milling time required to produce 
glassy alloy. The element Nb was selected as the additive element based on its positive heat of 
mixing with Zr (+15 kJ/mole) and atomic size difference of 17 % (approx.) with that of Fe, thus 
satisfying Inoue’s atomic size rule.  
The composition investigated is Fe42Ni28Zr10-xNbxB20 where X represents the atomic 
percent of Nb replacing Zr. It is noted that in the Nb-containing alloy systems amorphization is 
accompanied with a sudden lattice contraction, which is confirmed by the shift of 2θ value 
corresponding to diffuse (110)Fe peak to higher angles. This observation is unusual since during 
milling, lattice expansion occurs as the solute atoms enter the substitutional/interstitial sites of Fe 
matrix and to the best of our knowledge contraction of lattice during amorphization has not been 
reported till date. In this paper the effect of Nb on GFA and lattice contraction coupled with 
amorphization during mechanical alloying has been discussed. 
3.2 Experimental Procedure 
From our study on quaternary systems [145], the composition of Fe42Ni28Zr10B20 was 
selected to investigate the effect of Nb on GFA. The alloy system had shown complete 
amorphization at 20 hours of milling time. A general composition of Fe42Ni28Zr10-xNbxB20 (X= 1, 
2, 4 and 6) was chosen. Pure elemental powders of purity >99.9 % were blended together for 
each alloy system. Mechanical alloying (MA) was carried out in a high energy SPEX Certiprep 
8000 D shaker mill with a ball to powder ratio maintained at 10:1. The weighing, blending, 
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loading and unloading of powders were carried out inside a glove box with a controlled 
atmosphere of Argon, so as to minimize powder contamination. For every composition, 5 g of 
powder was loaded inside a stainless steel vial with 50 g of hardened steel balls, maintaining the 
ball to powder ratio of 10:1. The phase evolution during milling was monitored by X-ray 
diffraction technique. The XRD patterns were recorded using a Rigaku X-ray diffractometer with 
Cu Kα radiation (λ = 0.15406 nm) in the  2θ range from 300 to 900. 
3.3 Results 
XRD results confirmed amorphization at different milling time for varying Nb content. From the 
various diffraction plots it is noted that the milling time for amorphization was minimum at 2 at. 
% Nb and increases with Nb content. Figure 3.1 shows the XRD patterns of the blended 
elemental powder mixture of Fe42Ni28Zr10-xNbxB20, with x = 0, as a function of milling time.  
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Figure 3.1: XRD pattern of blended elemental powder mix of Fe42Ni28Zr10Nb0B20 as a function 
of time. Note that the amorphization has started at around 10 h of milling and 
complete amorphization is see to occur after about 20 h of milling and is stable upto 
about 30 h. Further milling has resulted in mechanical crystallization of the 
amorphous powder. 
It is noted that complete amorphization is seen at 20 h of milling, as evidenced by the broad 
diffuse peak at the position of (110)Fe peak. However on further milling, devitrification of the 
amorphous phase is seen to start after about 40 h of milling, as indicated by sharpening of the 
diffuse peak and occurrence of new low intensity peaks. This phenomenon is also known as 
mechanical crystallization. The observation also points out the stability of the amorphous phase 
during MA.  
Figure 3.2 shows the XRD patterns of Fe42Ni28Zr10-xNbxB20 powder mix at x =1, as a 
function of milling time. 
 
Figure 3.2: XRD patterns of blended elemental powder mix of Fe42Ni28Zr9Nb1B20 as a function 
of milling time. Note that the partial amorphous phase is formed at about 5 h of 
milling. Complete amorphization is seen around 10 h of milling. Also note the shift 
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of the diffuse peak towards right at 10 h with respect to that at 8 h diffraction 
pattern. 
It is noted that in this case the amorphous phase starts forming around 5 h of milling which is 
much earlier than the earlier case. However, complete amorphization can only be said to have 
taken place at 10 h of milling time. In this case devitrification is seen to commence at around 15 
h of milling. An interesting observation of shift in diffuse peak during amorphization is noted 
which is consistent with all the Nb containing compositions. To have a better appreciation of the 
occurrence we fitted a Gaussian profile to the plots and tabulated 2-theta value of the peak 
against milling time. The values are shown in table 1. 
Figure 3.3 shows the XRD patterns for Fe42Ni28Zr10-xNbxB20 powder mix at x = 2 as a 
function of milling time.  
 
Figure 3.3: XRD patterns of elemental blended powder mix of Fe42Ni28Zr8Nb2B20 as a function 
of milling time. Note the formation of amorphous phase at 5 h of milling and that 
the amorphous phase is stable till 10 h. Also note the shift in peak at 8 and 10 h 
diffraction pattern. 
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It is observed that complete amorphization has taken place at 5 hours of milling time and the 
amorphous phase is stable till 10 h of milling time. It is noted that with 2 at. % Nb GFA is much 
higher than other compositions. The shift in diffuse peak is similar to the earlier pattern. 
Similar results were obtained in Fe42Ni28Zr6Nb4B20 composition except that complete 
amorphization was observed at 8 h of milling and devitrification occurred at 10 h. Shift in diffuse 
peak is noted at 10 h of milling time. In the case of Fe42Ni28Zr4Nb6B20 complete amorphization is 
absent and formation of solid solution is observed with continued milling.  
From Table 3.1 it is seen that the 2-theta value corresponding to (110)Fe peak follows a 
similar trend in all the cases except for the composition with 6 at.% Nb.  
Table 3.1: 2θ values corresponding to (110)Fe peak for Fe42Ni28Zr10-xNbxB20 alloy at various 
milling hours in the diffraction  patterns. 
 
 
During initial milling, the 2θ value corresponding to (110)Fe peak decreases as expected. 
Since lattice expansion takes place with solute atoms larger than solvent atom occupying the 
subtitutional/interstitial sites of Fe matrix. On continued milling it was noted that 2-theta value 
corresponding to (110)Fe diffuse peak unexpectedly shifts to higher angles during amorphization. 
This observation is quite interesting since it indicates the occurrence of lattice contraction during 
Composition 2 θ at various milling hours 
X= Nb % 0 h 5h 8h 10h 15h 25 h 
X = 1 44.786 44.206 44.213 44.329 44.142 44.686 
X = 2 44.786 44.217 44.357 44.341 44.426 44.904 
X = 4 44.786 44.126 44.102 44.253 44.225 44.322 
X = 6 44.786 44.149 44.111 44.111 44.474 44.462 
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amorphization as inferred by the negative values of volumetric strain obtained by Egami et al.’s 
model for glass formation due to topological instability [175]. With continued milling the shift in 
2-theta value does not follow any specific trend of increasing or decreasing. 
Figure 3.4 shows the variation of 2-theta values with milling time. The arrow marks show 
the approximate milling time during which amorphous phase was observed with increase in 2θ 
value. It is to be noted here that increase in 2θ value is not always observed with the 
commencement of amorphization. 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
Figure 3.4: Variation of 2-Theta value with milling time. Note the arrow mark corresponds to 
the time where amorphous phase has been observed with increase in 2θ value.  
 
 
3.4 Discussion 
The experimental results show that addition of Nb has increased the glass forming ability of Fe-
based amorphous composition during mechanical alloying. As seen from Table 3.2, the 
improvement in GFA has compositional restrictions, i.e., early amorphization is observed at 2 
and 4 at. % Nb addition.  
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Table 3.2:  The time to amorphization of alloy Fe42Ni28Zr10-xNbxB20 
 
 
  
 
 
 
 
It is known that the diffraction angle for the first maximum is related to the interatomic distance 
‘xm’ by the Bragg’s relation [176]. Using the relation, 1.23 λ = 2 xm Sin θ, (where λ is the 
wavelength of the X-radiation used, xm is the distance between neighboring atoms, θ is the Peak 
position and 1.23 is the correction factor used for liquid and amorphous solids), it is possible to 
estimate the distance between near-neighbor atoms. Since the scattering intensity of metalloid 
atoms is significantly weak as compared to large transition metal (TM) atoms, xm obtained by the 
above relation is the average TM-TM near-neighbor atomic distance. It is evident from Table 3.3 
that addition of Nb results in increased TM-TM near-neighbor atom distance, i.e., increase in 
topological instability and that the TM-TM distance is maximum at 2 and 4 at. % Nb. Also 
qualitatively, it is seen from the diffraction patterns that at 2 at. % Nb the diffuse peak width 
corresponding to (110)Fe peak is maximum which further supports the enhancement of 
topological disorderness in the alloy system at 2 at.% Nb. This explains the augmentation of 
GFA with addition of Nb and early amorphization of Fe42Ni28Zr8Nb2B20 at 5 h of milling time. 
# % Nb (At. %) Time to Amorphization(h) 
1 0 20 
2 1 10 
3 2 5 
4 4 8 
5 6 15  
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Table 3.3: TM-TM distance in Fe42Ni28Zr10-xNbxB20 systems; 2θ corresponds to (110)Fe diffuse   
peak at time to amorphization, Xm=Avg. distance between transition metal atoms. 
  
 
 
 
 
 
Egami et al.’s model on amorphization in metallic systems is based upon the effect of 
atomic size of a solute atoms on solvent matrix and the critical solute concentration which leads 
to minimum volumetric strain required to destabilize the crystalline matrix. Later, Miracle et al. 
developed upon Egami’s model and brought out the concept of local clustering of solvent atoms 
around the solute atom in order to achieve dense random packing [37]. He also proposed that a 
crystalline lattice becomes unstable once the internal strain reaches a critical value causing the 
change of local coordination number (the number of the nearest neighbor atoms) to it’s nearest 
higher or lower integer value [177]. 
 Our study involves Fe as the matrix (solvent atom) with Ni, Zr, Nb and B being the 
solute atoms. Based on Miracle’s model the solute atoms when added in a crystalline matrix, at 
room temperature, gets distributed between substitutional and interstitial sites depending on the 
radius ratio R= RB/RA, where A is the solvent atom and B is the solute atom. The model 
Composition 
X = at.% Nb 2θ Xm (nm) 
X = 1 44.329 0.251 
X = 2 44.217 0.252 
X = 4 44.102 0.252 
X = 6 44.474 0.250 
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suggested that when R< 0.8, the solute atoms occupy interstitial sites and when R> 0.83, they get 
located in substitutional sites. Miracle’s model also showed a strong correlation between R and 
N (coordination number in first neighboring shell) [38]. Table 3.4 shows R and N values 
corresponding to the individual solute atoms in the given Fe-based multi-component systems. It 
is to be noted here that as per the model coordination number are related more accurately with R* 
value, which is the corresponding R value with maximum packing efficiency. However with the 
accuracy of first decimal place it is possible to estimate the N value for individual solute atom 
with a corresponding R value.  
Table 3.4: R and N values for individual solute atoms in amorphous Fe42Ni28Zr10-xNbxB20 
system. (R = RB/RA, RA - radius of solvent atom, RB - radius of solute atom, N- 
Coordination number of first shell) 
 
 
 
 
 
 
Based on the data from Tables 3.2 and 3.4 we can explain the occurrence of lattice 
contraction during amorphization on Nb addition. In Fe42Ni28Zr10-xNbxB20 system the possible N 
values for different solute atoms (atomic clusters- solvent atoms surrounding solute atom) during 
amorphization are 13, 18, 16 and 9 as seen from the Table 3.4. When Zr is replaced by Nb the 
coordination number changes from 18 to 16 leading to a matrix with more efficient packing and 
 Radius (r) = nm R = RB/RA Occupancy N 
Fe 0.12412    
Ni 0.12459 1.004 Substitutional 13 
Zr 0.16025 1.291 Substitutional 18 
Nb 0.14290 1.151 Substitutional 16 
B 0.08200 0.661 Interstitial 9 
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less free volume. This occurrence leads to contraction in lattice during amorphization and is 
evidenced by the shift of 2θ value corresponding to (110)Fe to higher angle with increase in Nb 
content. However, at higher Nb content GFA decreases with decrease in the TM-TM distance; in 
other words topological stability is more favorable to the amorphization of crystalline phase.  
This can be further supported by Egami’s model with an assumption that boron atom has 
a substitutional effect on the Fe matrix. The volumetric strain due to solute addition was 
calculated based on relations proposed for binary systems which have been extended to multi-
component system [145]. The mathematical equations are given below: 
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Where, y = ratio of deformed volume of solute and solvent as given below, xi = Rsolute/ Rsolvent, Ci 
= atomic concentration. 
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Value of εvA obtained using equations 1, 2 and 3 for the various compositions with Nb are shown 
in table 5. 
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Table 3.5: Volumetric strain for the Fe42Ni28Zr10-xNbxB20 system at x=1, 2, 4 and 6, calculated  
based on equations proposed by Egami’s model. 
 
Compositions Volumetric strain 
Fe42Ni28Zr9Nb1B20 -0.19183 
Fe42Ni28Zr8Nb2B20 -0.19114 
Fe42Ni28Zr6Nb4B20 -0.18974 
Fe42Ni28Zr4Nb6B20 -0.18831 
 
As suggested by the model, if the absolute critical volume strain is greater than 0.054, it leads to  
topological instability of the crystalline matrix causing amorphization. From Table 3.5 we note 
that the volumetric strains are well above the required critical value which is quite possible since 
we are dealing with multicomponent system, thus we observe amorphization in most of the 
systems except the composition containing 6 at.% Nb. The negative value of the volumetric 
strain supports the fact that amorphization is accompanied by a contraction of the lattice, which 
has been demonstrated experimentally. It is to be kept in mind that Egami’s model laid the 
condition necessary for amorphization based on atomic size effect but did not quantify the 
kinetics of amorphization. Thus it is not possible to relate the time to amorphization with the 
strain value obtained by Egami’s model.  However the anomaly with the strain value 
corresponding to Fe42Ni28Zr4Nb6B20 and absence of amorphization can be understood by the fact 
that there are other factors affecting GFA like heat of formation of the compounds, heat of 
mixing and valence electron concentration which are identified as alloy-chemical factors. 
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Further, Egami’s model has several approximations that might lead to exceptions, thus although 
the model of atomic size effect is a valid criterion, it is not the only one.  
3.5 Conclusions 
Addition of Nb to the alloy system of Fe42Ni28Zr10-xNbxB20 has shown an improvement in 
glass forming ability with a compositional restriction. In this case Zr was partially substituted by 
Nb. The maximum reduction of milling time for amorphization was found in the 
Fe42Ni28Zr8Nb2B20 alloy system. The reason for improvement in GFA has been discussed. 
Amorphization was observed to be accompanied by lattice contraction during mechanical milling 
of Fe-based alloy with addition of Nb. The possible causes have been discussed with the concept 
of local topological instability as proposed by Egami and further refined by Miracle. Future 
study is proposed to investigate such phenomenon in a greater depth so as to identify a unique 
characteristic of the process and material that might lead to some interesting applications.  
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CHAPTER 4:  
 EFFECT OF CARBON ADDITION ON THE GLASS-FORMING ABILITY 
OF MECHANICALLY ALLOYED Fe-BASED ALLOYS 
4.1 Introduction 
Amorphous alloys or metallic glasses have an attractive combination of physical, 
chemical, mechanical, and magnetic properties.  Consequently, they have already found 
commercial applications and other applications are being explored [109, 110, 148, 149, 178].  
However, during the last several years, more attention has been paid to the structure and 
properties of bulk metallic glasses (BMG′s), glassy alloys that could be produced in large section 
thicknesses or diameters reaching several tens of millimeters [10, 11, 35, 151, 179]. The largest 
section thickness (or diameter) that could be achieved is a function of the base metal and alloy 
composition, amongst other parameters.   The largest rod diameter obtained in Fe-based BMG′s 
is only about 16 mm [33], while the largest diameter of 72 mm that has been achieved in BMG′s 
is in a Pd-10 at.% Ni-30 at.% Cu-20 at.% P alloy [180].  Ability to produce glassy alloys in 
larger section thicknesses enables exploitation of these advanced materials for a variety of 
different applications.   
Production of BMG′s by consolidation of amorphous powders also has promising and 
important practical applications in the near-net-shape fabrication of amorphous materials. Such a 
situation is possible by producing the amorphous alloy powders via mechanical alloying (MA) 
and subsequently consolidating them to bulk specimens using hot isostatic pressing, hot 
extrusion, or other methods. In comparison to the solidification route, MA is an inexpensive and 
simpler technique to process the material into an amorphous state. Furthermore, it is easier to 
produce the amorphous phase in a wider composition range by MA than by solidification 
methods. Additionally, since MA processing is carried out in the solid state, phase diagram 
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restrictions do not seem to apply to the phases produced by the technique. However, due to the 
large number of variables in the MA process, optimization of parameters becomes essential for 
obtaining consistent results [99, 156]. 
The amorphous alloy powders come into close contact with carbon dies and punches 
during hot pressing or other consolidation methods and therefore carbon contamination is likely 
an important concern. Thus, it is useful to evaluate the stability of amorphous alloys in presence 
of carbon by possibly designing alloy compositions which contain carbon as an additional 
alloying element.  Thus, we report in this Chapter, the effect of carbon addition on the glass-
forming ability (GFA) of Fe-based quaternary alloy systems with a base composition of 
Fe42M28Zr10B20 (M = Ni, Al, and Ge).  We had earlier reported that all these three systems could 
be easily amorphized by milling the blended elemental powders for 20, 10, and 10 h, respectively 
[145]. The amorphous phase in these systems also exhibited extended mechanical/thermal 
stability. Since the metalloid content in amorphous alloys is generally around 20 at. %, the 
compositions of alloys studied in this investigation were chosen to satisfy this requirement. 
Accordingly, part of boron was replaced by carbon (at 10 at. % level). This is a much higher 
carbon content in comparison to 3, 4 and 5 at.% as studied earlier by Wang et al. [181, 182], Kim 
et al. [183], and Inoue et al. [184], respectively. 
4.2 Experimental Procedure 
 
Alloy compositions of Fe-M-Zr-B (M = Ni, Al, and Ge) that were shown to amorphize by MA 
earlier were selected to study the effect of carbon addition. Elemental powders of 99.9 % purity 
were blended to a composition of Fe42M28Zr10C10B10. The subscripts represent the atomic 
percentage of elements in the powder mix. MA was carried out in a SPEX 8000 D shaker mill 
with a ball-to-powder weight ratio maintained at 10:1. The weighing, blending and loading of the 
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powders was carried out inside an argon-filled glove box so as to minimize powder 
contamination. For every composition, 5 g of blended elemental powder was loaded inside a 
stainless steel vial with 50 g of hardened steel balls. The ball diameters used were of 5 mm and 8 
mm, so as to attain a better milling behavior. The evolution of structure during milling was 
monitored by collecting the milled powder samples at regular intervals of milling and analyzing 
them by the X-ray diffraction (XRD) technique.  XRD patterns were recorded using a Rigaku X-
ray diffractometer with Cu Kα radiation (λ = 0.15406 nm) in the 2θ range from 30 to 90o. 
4.3 Results 
Figure 4.1 shows the structural evolution in the blended elemental powder mixture of 
Fe42Ni28Zr10C10B10 as a function of milling time.  The as-blended powder mix showed the 
presence of all the diffraction peaks expected from the metallic elements. Diffraction peaks of B 
and C were not seen due to their low scattering factor, and probably due to the amorphous nature 
of boron (and carbon). Formation of the amorphous phase is noted on milling the powder blend 
for 8 h which is evidenced by the appearance of a broad diffuse peak with a maximum 
corresponding to where the crystalline (110)Fe peak was expected to be present. The 
homogeneous amorphous phase in this powder blend is stable until about 15 h of milling time.  
At a later stage, from about 20 h, formation of some crystalline phases is noted, as a result of 
mechanical crystallization of the amorphous phase.  The mechanical crystallization is clearly 
evident on milling the powder blend for about 30 h, as indicated by the relatively intense 
diffraction peaks of the different phases. Formation of several phases along with the α-Fe solid 
solution is noted in the powder blend at 30 h of milling time. 
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Figure 4.1:  XRD patterns of blended elemental powder mix of Fe42Ni28Zr10C10B10 as a 
function of milling time. Note that the glassy phase is formed on milling the powder 
for 8 h and is found to be stable till 15 h. Mechanical crystallization is noted to 
occur from around 20 h. The intensities of the crystalline peaks of the different 
phases increased beyond this milling time, and some of these intermetallics are 
identified in the pattern recorded from the powder milled for 30 h.  
 
Figure 4.2 shows the XRD patterns of the Fe42Al28Zr10C10B10 powder mix as a function of 
milling time. Formation of α-Fe solid solution was clearly noted at short milling times, indicated 
by the presence of low intensity crystalline peaks at 5 h of milling time. Subsequent milling led 
to the formation of an amorphous phase.  From the diffraction patterns, it appears that 
amorphization is occurring on milling the powder for a time between 5 and 8 h.  On further 
milling, mechanical crystallization of the glassy phase commences at around 15 h, which is 
evidenced by the formation of low intensity crystalline peaks, marked by arrows. 
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Figure 4.2: XRD patterns of the blended elemental powder mix of Fe42Al28Zr10C10B10 as a 
function of milling time. Note that the glassy phase formed on milling the powder 
for 5 to 8 h Mechanical crystallization is observed to take place from about 15 h, 
evidenced by the formation of low intensity crystalline peaks, marked by arrows. It 
is noted that after crystallization, there is a tendency for re-amorphization at 25 h 
(but, a very small amount of crystalline phase may be present).  Reasonably intense 
peaks of some crystalline phases are observed beyond this milling time, say at 30 h.   
 
The stability of the amorphous phase does not appear to be significantly different 
between the Ni-containing and Al-containing compositions.  For example, low intensity 
crystalline peaks of α-Fe start appearing in the Al-containing alloy after milling the powder for 
15 h.  A set of low intensity crystalline peaks start appearing around this time of milling in the 
Ni-containing alloy also. But, the nature of the crystalline phase(s) forming in this alloy 
composition appears to be different. And this becomes more prominent at longer milling times.  
At the longest milling time recorded, the number and amount of crystalline phases seems to be 
more in the Ni-containing alloy, whose diffraction pattern at 30 h of milling time shows more 
 86
and also relatively high intensity peaks than in the Al-containing alloy (compare Figures 4.1 and 
4.2).  But, an important difference between these two alloy compositions is that the 
Fe42Al28Zr10C10B10 alloy system shows a tendency for re-amorphization on milling the powder 
for about 25 h.  This is somewhat similar to the cyclic crystalline → amorphous → crystalline 
transformations observed in some alloy systems [185-189].    
Figure 4.3 shows the XRD patterns for the Fe42Ge28Zr10C10B10 blended elemental powder 
mixture as a function of milling time. Interestingly, the quinary system with carbon addition did 
not show signs of amorphization.  
 
Figure 4.3: XRD patterns of the blended elemental powder mix of Fe42Ge28Zr10C10B10 as a 
function of milling time. Formation of α-Fe-solid solution is observed at 5 h of 
milling time along with some compounds based on the other elements in the blend. 
Milling for long times (say, 30 h) transforms the alloy system into a combination of 
several interstitial compounds. 
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This should be contrasted with the Fe42Ge28Zr10B20 quaternary system (i.e., without 
carbon) in which the amorphous phase had formed in 10 h during MA [145], demonstrating 
excellent GFA. As evident from Figure 4.3, at the initial stages of milling, the α-Fe solid 
solution is present along with some other phases.  With continued milling, interstitial compounds 
based on Zr and Fe and some intermetallics seem to have formed. From Figure 4.3, it is also 
observed that on milling for a long time, the solid solution formed at the early stages of milling, 
has transformed into carbides and borides. An unidentified phase (along with other phases) is 
observed at 30 h of milling time.  
The effect of C addition with respect to the three quaternary systems studied in this investigation 
is summarized in Table 4.1. The results clearly show the improvement of GFA in alloy systems 
containing Ni and Al, where the milling time for amorphization has decreased from 20 to 8 h in 
the case of Fe-Ni-Zr-C-B and from 10 to 5-8 h in the case of Fe-Al-Zr-C-B.  In contrast, the Fe-
Ge-Zr-C-B alloy system showed a reduced GFA, and amorphization was not very clearly 
observed. 
Table 4.1: Comparison of milling time required for amorphization with and without addition of 
C to Fe42M28Zr10B20 alloy system (M = Al, Ni and Ge) 
 
Quaternary 
System 
Milling time for 
Amorphization (h)
Quinary System 
with Carbon 
Milling time for 
Amorphization (h) 
Fe42Ni28Zr10B20 20 Fe42Ni28Zr10C10 B10 8 
Fe42Al28Zr10B20 10 Fe42Al28Zr10C10 B10 5-8 
Fe42Ge28Zr10B20 10 Fe42Ge28Zr10C10 B10 No Amorphization 
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4.4 Discussion 
The XRD patterns presented in Figures 4.1 to 4.3 and the results summarized in Table 4.1 
show that addition of 10 at.% C has a significant effect on the GFA of the Fe-based alloy 
systems investigated here.  While the Ni- and Al-containing alloys have shown improved GFA, 
the one with Ge showed a decreased GFA and did not show amorphization on addition of 
carbon.  
Wang et al. [181, 182] showed that while a small amount of carbon addition (up to about 
1 at.%) increased the GFA of Zr-based glassy alloy systems, devitrification (crystallization) was 
noted on increasing the C content to about 3 at.% or higher. That is, higher carbon concentrations 
in the alloy led to crystallization of the amorphous phase formed.  In another study, Kim et al. 
[183] fabricated Misch metal-based BMG′s and noted that the GFA of these alloys was enhanced 
with the addition of 4 at.% carbon.  In comparison to the above studies, we find our results quite 
novel and important for processing of Fe-based BMG′s. In our study, the effect of carbon 
addition is seen to be varying depending on the constituent elements in the alloy. From Table 4.1 
it is noted that the carbon addition enhances the GFA of Ni- and Al-containing alloys and that it 
has a much more significant effect on the GFA of the Ni-containing system than on the Al-
containing system. This is because the time required for the formation of the amorphous phase 
was brought down from 20 to 8 h in the Ni-containing system, whereas it was brought down to 
5-8 h from 10 h in the Al-containing system. 
Even though the effect of carbon addition is seen to increase the GFA of the two alloy 
systems containing Al and Ni, an important difference noted is that re-amorphization seems to 
take place in the Al-containing alloy system.  In other words, the Al-containing system possesses 
a tendency to resist crystallization.  Further, it is also noted that the number of crystalline phases 
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is much less with relatively low intensity peaks at the end of milling for 30 h, as seen in Figure 
4.2.  Since crystallization is a kinetic process and it requires time for the crystalline phases to 
form (nucleate and grow), this reamorphized phase will require longer time for sufficient amount 
of the crystalline phases to form.  Milling for a longer time, say for 50 h, will perhaps produce 
more of crystalline phases in the Al-containing alloy. This could explain why the number and 
intensity of the crystalline peaks is higher in the Ni-containing alloy and less in the Al-containing 
alloy.   
In the system containing Ge, however, the results were unexpected since, in our earlier 
study, the quaternary Fe-Ge-Zr-B showed good GFA [145], whereas a detrimental effect on glass 
formation was observed when C was added.  
 The role of carbon on the GFA of alloys can be discussed on the basis of its kinetic and 
thermodynamic aspects. It is known that the presence of metalloid atoms disrupts the short-range 
order of the type necessary for the formation of crystal nuclei and thus can lead to formation of 
an amorphous phase [190]. This seems to be due to the small size of metalloid atoms as 
compared with the metal atoms among which they are mixed. Also, due to the strong attractive 
bonds present between neighboring metal-metalloid pairs [191, 192], the metalloid atoms tend to 
avoid each other as neighbors. That is why the metalloid atoms are surrounded by metal atoms 
forming clusters.  Furthermore, the addition of carbon atoms increases the degree of dense 
random packing of the alloy system.  Additionally, since the size of the carbon atom (0.142 nm) 
is much smaller than that of Fe (0. 248 nm), Zr (0.318 nm), Ni (0.250 nm), or Al (0.286nm), this 
large difference in atomic size suppresses the long-range interdiffusion required for 
crystallization.  All these factors enhance the GFA, as indicated by the reduced milling time 
required for amorphization. 
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         Looking at the thermodynamic aspects, carbon has positive heat of mixing with Fe (+ 40 kJ 
mole-1), Ni (+51 kJ mole-1), and Al (+54 kJ mole -1), and a large negative heat of mixing with Zr 
(-98 kJ mole-1) [159]. Also, other constituent elements (e.g., Zr and B) have a negative heat of 
mixing, thus satisfying Inoue’s empirical criteria for glass formation [11, 35]. Consequently, the 
presence of elements with a combination of positive and negative enthalpy of mixing frustrates 
the formation of competing crystalline phases, as seen in the studies by Park et al. [173, 174]. 
Therefore, we observe an increase in the GFA for the Fe-Ni-Zr-C-B and Fe-Al-Zr-C-B alloy 
systems.  
It has been observed that in Fe-based alloys containing metalloids, the major crystalline 
phases coexisting with the glassy matrix are always the Fe-metalloid type compounds [184]. In 
our study, the atomic size differences among the constituent elements are much more in the Al-
containing system than in the Ni-containing system.  Accordingly, the dense random packing of 
atoms is higher in the Al-containing system, which is appropriate for amorphization. Further, the 
strong bonding between Al and B/C atoms causes formation of Al-C and Al-B atomic pairs in 
the glassy phase. Presence of these Al-metalloid pairs prevents the atomic re-arrangement 
required for the precipitation of the major crystalline phases of the Fe-metalloid compounds in 
the Fe-Al-Zr-C-B system. Thus, the tendency to resist crystallization, or increased tendency for 
amorphization, can be rationalized in the Fe-Al-Zr-C-B alloy system.  
 Sinclair et al. [193] have proposed a mechanism, wherein the crystallization temperature 
could be significantly reduced in the presence of some metals, particularly those that form a 
eutectic phase diagram with Si and Ge; this is known as metal-mediated crystallization. It was 
shown [194] by high-resolution transmission electron microscopy methods that the mechanism 
involves dissolution of the amorphous element (e.g., carbon) in the matrix thereby 
supersaturating it. Subsequently, precipitation of the solute in the metal matrix followed by the 
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diffusion of atoms from the amorphous phase to the crystalline nuclei, initiates the reaction at 
much lower temperature than can occur in the elemental matrix. In our case, Fe-Ge alloy system 
features a eutectic reaction as seen from the binary phase diagram [158] and thus, addition of 
carbon which is amorphous in nature, induces crystallization, thus explaining the non-
amorphization behavior of the Fe-Ge-Zr-C-B alloy system.   
4.5 Conclusions 
The glass-forming ability (GFA) of some mechanically alloyed Fe-based alloy systems 
was improved by the addition of carbon. It is also seen that the amount of carbon can be 
increased to as high as 10 at.% without any negative effect on glass formation. This aspect 
becomes important in consolidation of amorphous alloy powders where carbon dies are 
commonly used and carbon pick-up by the powder compact is inevitable. Alloy systems with the 
composition Fe42Ni28Zr10C10B10 and Fe42Al28Zr10C10B10 show an improvement in GFA which is 
indicated by the shorter milling times (in contrast to the quaternary systems without carbon) 
required for amorphization. On the other hand, the alloy composition containing Ge 
(Fe42Ge28Zr10C10B10) showed a drastic decrease in GFA with the carbon addition, and no 
amorphous phase formation was noted. The role of carbon addition has been attributed to the 
atomic size effects, its positive heat of mixing with some constituent elements and metal-
mediated crystallization which occurs in the system containing Ge. 
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CHAPTER 5:  
 MECHANICAL CRYSTALLIZATION OF Fe-BASED AMORPHOUS 
ALLOYS 
5.1 Introduction 
Amorphous alloys or metallic glasses are solid alloys in which the constituent atoms are 
arranged in a random manner with no long-range periodicity. Since their first synthesis in a Au-
Si eutectic alloy in 1960 by Pol Duwez [1], metallic glasses have been synthesized in a number 
of binary and higher-order alloy systems in the form of thin ribbons by rapid solidification 
methods [109, 110, 148, 149, 178]. Interest in these glassy materials has been mainly due to the 
attractive combination of physical, chemical, mechanical, and magnetic properties of these alloys 
and their commercial applications. However, during the last several years, the materials science 
community has focused its attention on bulk metallic glasses (BMG′s) [10, 11, 35, 151, 179], 
glassy alloys that could be produced in large section thicknesses or diameters reaching several 
tens of millimeters. The largest section thickness (or diameter) that could be achieved is a 
function of the base metal and alloy composition, amongst other parameters.   The largest rod 
diameter obtained in Fe-based BMGs is only about 16 mm [33], while the largest diameter of 72 
mm that has been achieved in BMG′s is in a Pd-10 at.% Ni-30 at.% Cu-20 at.% P alloy [180]. 
Ability to produce glassy alloys in larger section thicknesses enables exploitation of these 
advanced materials for a variety of different applications.  Since metallic glasses are inherently 
metastable they tend to transform into the equilibrium crystalline phases on annealing them. 
Some important parameters that need to be controlled to achieve the desired microstructure and 
constitution are the temperature and time for any given alloy system. We have recently observed 
that crystallization of metallic amorphous alloys could also be achieved during mechanical 
 93
alloying of blended elemental powders for times longer than those required for amorphous phase 
formation. 
Mechanical alloying (MA) is another powerful non-equilibrium processing technique to 
produce metastable materials [99, 156]. It is a powder processing method in which metastable 
phases can be produced through repeated cold welding, fracturing, and rewelding of powder 
particles in a high-energy ball mill. The metastable phases produced include supersaturated solid 
solutions, quasicrystalline and crystalline intermetallic phases, and amorphous alloys.  Metallic 
amorphous alloys have been produced by MA starting from either blended elemental metal 
powders or pre-alloyed powders.  These amorphous alloy powders could be subsequently  
consolidated to full density in the temperature range between the glass transition temperature and 
the crystallization temperature, where the amorphous phase has a very low viscosity. 
Consequently, this route overcomes the limitation of section thickness imposed during 
solidification processing methods.  As a part of detailed investigations on the synthesis and 
characterization of Fe-based BMG compositions by MA, we have observed that amorphous 
powders get crystallized on continued milling at times beyond those required for the formation of 
the amorphous phase. This phenomenon is referred to as mechanical crystallization. 
There have been some reports of formation of a crystalline phase after the formation of 
an amorphous phase during milling of metal powders [99, 156].  High-energy milling of Fe-
based glassy ribbons obtained by rapid solidification processing has been shown to lead to 
crystallization of the glassy phase [195].  It was argued that crystallization of the metallic glasses 
induced by high-energy ball milling was not restricted to thermal processes, but can be related to 
the chemical composition of the glassy alloy. Differences in the crystallization temperatures and 
kinetics were noted when melt-spun Fe-Mo-Si-B glassy alloy ribbons were subjected to 
crystallization studies under pressure [196].  Cyclic crystalline-amorphous-crystalline 
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transformations have also been reported to occur in prealloyed Co-Ti and Zr2Ni alloy powders 
subjected to MA [185-187, 189].  It was noted that atomic displacements due to heavy plastic 
deformation and enhancement of atomic mobility during plastic deformation processes are 
possible mechanisms for mechanical crystallization in Al-Fe-Gd metallic glasses [188, 197].  
Patil et al [157], reported that blended elemental Fe-based alloy powders with an average 
composition of Fe60Co8Zr10Mo5W2B15 became amorphous when milled in a high energy SPEX 
mill for 20 h.   A supersaturated solution of α-Fe was formed in the initial stages of milling 
which eventually became amorphous. Further milling, up to 50 h, led to primary crystallization 
of the amorphous phase resulting in the formation of the α-Fe solid solution phase with a lattice 
parameter different from that formed in the early stages of milling.  A crystalline phase was also 
reported to form on milling Ti-based alloy powders after the formation of an amorphous phase. 
This crystalline phase was, however, later identified to be a contaminant TiN phase[103, 198]. 
In this Chapter we will demonstrate that mechanical crystallization of amorphous alloys 
occurs in Fe-based glass compositions.  It will be also shown that this phenomenon is not as 
restricted as it was earlier reported or thought to be, but that it is much more general.  The details 
of crystallization will, however, be different depending on the alloy system and consequently the 
nature of the crystalline phase(s) will be different.  Mechanical crystallization can be observed 
during MA in almost all alloy systems under appropriate milling conditions.  In this article we 
will discuss two specific alloy systems to support this hypothesis.   
5.2 Experimental Procedure 
Appropriate amounts of the pure elemental powders (≥ 99.9% purity) of Fe, Ge, Ni, Zr, C 
and B were weighed and mixed together to obtain the desired composition of Fe42Ge28Zr10B20 
and Fe42Ni28Zr10C10B10 (the subscripts represent the atomic percentage of the elements in the 
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powder mix).  MA was conducted in a high-energy SPEX 8000 mixer mill using hardened steel 
vial and balls. For each experiment, 10 g of the blended elemental powder mix and 100 g of 
stainless steel balls were loaded into the milling container, thus maintaining a ball-to-powder 
weight ratio of 10:1 during milling. The weighing, blending, loading and unloading of the 
powders were carried out inside a glove box with a controlled atmosphere of argon gas, so as to 
minimize powder contamination. The phase evolution during milling was monitored by X-ray 
diffraction (XRD) using a Rigaku X-ray diffractometer with CuKα radiation (λ = 0.15406 nm) at 
40 kV and 35mA settings. The XRD patterns were recorded in the 2θ range of 30 to 90o. 
Identification of the phases present and calculation of the lattice parameter were done using 
standard XRD procedures [199]. 
5.3 Results 
Figure 5.1 shows the structural evolution in the blended elemental powder mixture of 
Fe42Ge28Zr10B20 as a function of milling time.  All the XRD peaks expected of the constituent 
metallic elements (Fe, Ge, and Zr) are present in the as-blended mixture (0 h milling time). 
Diffraction peaks of B are not seen due to its amorphous nature and/or its low scattering factor.  
It is noted that amorphous phase formation is complete on milling the powder blend for 10 h, as 
seen by the presence of a broad and diffuse peak at the angular position where the (110)Fe peak is 
expected to be present in the powder blend. But, as noted earlier [145], in the very early stages of 
milling, formation of intermetallics was observed. The amorphous phase continued to be present 
until about 30 h of milling, suggesting that the amorphous phase produced is quite stable. 
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Figure 5.1: XRD patterns of blended elemental powder mix of Fe42Ge28Zr10B20 as a function of 
milling time. Note that the amorphous phase forms on milling the powder blend for 
10 h and that the amorphous phase is stable up to about 30 h. Milling for times 
longer than this resulted in mechanical crystallization. Formation of α-Fe solid 
solution with a slight increase in the lattice parameter is seen at 60 h of milling 
time. 
 
However, on continued milling, it became unstable and precipitation of α-Fe solid 
solution is noted, as evidenced by the diffuse peak becoming sharper on milling the powder for 
about 40 h.  This indicates the beginning of crystallization of the amorphous phase, or 
mechanical crystallization. It is also noted that during the initial stages of mechanical 
crystallization, the diffuse peak corresponding to (110)Fe has shifted to lower 2θ values 
indicating that the lattice is expanding which with further milling shifts towards the original 
position at 40 h.  Even at this stage, the peak is still at a slightly lower angle indicating formation 
of a solid solution of Fe with the alloying elements. At a milling time of 60 h, formation of the α-
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Fe solid solution with a bcc structure is observed as indicated by the appearance of sharp and 
intense (110)Fe and relatively low intensity (200)Fe and (211)Fe peaks at 2θ values of 44.35o, 
63.55o, and 82.35o, respectively.  
Fig. 5.2 shows the XRD patterns of the quaternary alloy powder milled for 10 and 60 h, 
indicating the significant change in the nature of the two patterns.  
 
Figure 5.2: X-ray diffraction patterns of the Fe42Ge28Zr10B20 powder mix milled for 10 and 60 h. 
While the powder mix milled for 10 h clearly shows that an amorphous phase had 
formed, the powder milled for 60 h clearly shows mechanical crystallization.  Also 
note the significant shift in the diffraction maximum of the amorphous phase 
(corresponding to the 110 peak of the α-Fe solid solution) from the clear 110 peak 
in the crystalline phase at 60 h. This significant shift manifests in the change in 
lattice parameter and consequently the solute content in the phases.  
 
 Note clearly the phenomenon of mechanical crystallization in the powder milled for 60 
h.  A close examination of this diffraction pattern in Fig. 5.2 suggests that the α-Fe phase 
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exhibits an increase in the lattice parameter. The lattice parameter, calculated on the basis of the 
(110)Fe peak, at this stage is about 0.2878 nm, against the lattice parameter of a = 0.28665 nm for 
pure Fe [200].  A similar behavior was noted in another multicomponent Fe-based alloy powder 
[157]. 
Figure 5.3 shows the XRD patterns of the Fe42Ni28Zr10C10B10 powder mix as a function 
of milling time.  As noted earlier, the as-blended powder mix showed the presence of all the 
diffraction peaks expected from the metallic elements. Formation of an amorphous phase is 
noted on milling the powder blend for 8 h. Also, during the early stages of milling, formation of 
intermetallics is observed as indicated by the low intensity relatively sharp peaks. The 
homogeneous amorphous phase in this powder blend is stable until about 15 h of milling.  On 
milling the powders for a longer time, formation of some crystalline phases is noted, a result of 
mechanical crystallization of the amorphous phase.  But, mechanical crystallization is clearly 
evident on milling the powder blend beyond about 30 h, as indicated by the relatively intense 
diffraction peaks of different phases. Similar to what was noted in Fig. 5.1, here also we observe 
that, with continued milling, the (110)Fe peak has shifted to lower 2θ angles signifying an 
increase in the lattice parameter of the solid solution phase at the initial stages of milling. 
However, due to the overlap of diffraction peaks of the different phases, the lattice parameter of 
the α-Fe solid solution phase could not be determined in this case. Similar observations were 
noted in other Fe-based systems such as Fe42Al28Zr10C10B10 and Fe42Ni28Zr6Nb4B20  [201]. Fig. 
5.4 shows the XRD patterns of this powder mix milled for 8 and 30 h, showing clearly the 
phenomenon of mechanical crystallization in the latter pattern. 
 
 
 99
 
Figure 5.3: XRD patterns of blended elemental powder mix of Fe42Ni28Zr10C10B10 as a function 
of milling time. Note that the amorphous phase formed on milling the powder for 
8h and is found to be stable till 15 h. Mechanical crystallization is noted to occur 
around 25 h. The intensities of the crystalline peaks of the different phases 
increased beyond this milling time. Also note the formation of intermetallics during 
the early hours of milling the powder for 3 h, indicated by arrows. 
 
Thus, by observing the XRD patterns of the quaternary and quinary Fe-based alloy 
systems investigated here, the general sequence of phase formation during milling may be 
summarized as: 
BE powder → Intermetallics → Amorphous phase → Mechanical crystallization.  
But, the nature and sequence of the crystalline phases formed as a result of mechanical 
crystallization are different in the two alloy systems.  While a solid solution phase had formed in 
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the Fe42Ge28Zr10B20 powder mix, a mixture of solid solution and intermetallic phases had formed 
in the Fe42Ni28Zr10C10B10 powder mix. 
 
Figure 5.4:  XRD patterns of the Fe42Ni28Zr10C10B10 powder blend milled for 8 and 30 h.  The  
shift in the diffraction maximum of the amorphous phase (8 h) and the (110)Fe peak 
position (30 h) is seen to be less as compared to that in Fig. 5.2.  
 
5.4 Discussion 
5.4.1 Amorphous Phase Formation 
 The XRD patterns presented clearly confirm the formation of amorphous phases in both 
the powder blends, which on continued milling transformed into the crystalline phases.  Such 
observations have been reported earlier in some systems, as noted in the Introduction. But, there 
are some points which are significantly different between the earlier observations and our present 
findings.  The most important difference is that we had started with blended elemental powders 
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in our investigation.  Milling of these powder blends resulted in the formation of an amorphous 
phase, which subsequently showed mechanical crystallization. However, in the earlier studies 
either rapidly solidified glassy ribbons [195, 196] or prealloyed crystalline powders [185, 189] 
were the starting materials.  But, first of all let us look at the reasons for the formation of the 
amorphous phase on milling the powder blends. 
 In the initial stages of milling, alloying occurs among the constituent elements in the 
powder blend.  This is facilitated by the chemical interaction of the different elements, thus 
leading to the formation of solid solution and intermetallic phases in the present alloy systems.  It 
is also well known that MA introduces a high density of different crystal defects, including 
dislocations, grain boundaries, stacking faults, and others [99, 156]. All these defects increase the 
free energy of the system.  Further, because of the complex crystal structures and ability of the 
intermetallics to get disordered by mechanical deformation, the free energy of such systems can 
be further raised to a level above that of a hypothetical glassy phase.  Consequently, the 
crystalline phase gets destabilized and amorphization is favored.  
 Amorphization is also facilitated by the strain energy introduced into the alloy system 
due to the size differences between the solvent and solute elements.  It was noted in both Figs. 
5.1 and 5.3, that the α-Fe solid solution phase shows an increase in the lattice parameter in the 
early stages of milling.  This is because of dissolution of the metallic elements (Ge: 0.244 nm, 
Zr: 0.3186 nm, and Ni: 0.2492 nm) which have an atomic size larger than that of Fe (0.2482 nm).  
Further, both C (0.154 nm) and B (0.188 nm) dissolve in the Fe lattice interstitially and 
consequently increase the lattice parameter of the solid solution phase. Once the threshold 
amount of distortion of the lattice is achieved due to the size mismatch between the solvent and 
solute atoms, the crystalline lattice becomes destabilized and amorphization is expected to occur 
[37, 202]. This argument is supported by the lattice parameter variation in the present study, 
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which increased in the early stages of milling and then started to decrease once crystallization of 
the glassy phase had occurred.  The increase of lattice parameter in the initial stages of milling 
leads to increase of lattice strain and once it reaches a critical value, glass formation occurs.  But, 
on continued milling mechanical crystallization occurs resulting in the formation (precipitation) 
of a crystalline phase.  Since this requires long-range diffusion of atoms to form the solid 
solution or intermetallic phase, partition of alloying elements takes place and consequently the 
remaining amorphous phase contains a higher concentration of solute elements. As a result of 
this, the lattice parameter of the solid solution phase decreases.  Thus, the decrease of the lattice 
parameter on crystallization of the glassy phase can be attributed to depletion of the solute atoms 
from the solid solution phase to form the solid solution/intermetallics.  
5.4.2 Mechanical Crystallization 
 Mechanical crystallization has been clearly observed in the present investigation as 
shown in Figs. 5.2 and 5.4. Let us now look at the possible reasons for this phenomenon.  There 
can be many reasons for the formation of a crystalline phase after the formation of a glassy 
phase. The important ones are: 
1. Rise in temperature to a level above that of the crystallization temperature of the 
glassy phase, 
2. Powder contamination due to which a crystalline phase may be stabilized in 
preference to the glassy phase, 
3. Phenomenon of inverse melting, or  
4. Basic thermodynamic considerations.  
 103
Temperature rise 
 Milling of powders involves severe plastic deformation and it results in a local rise of 
powder temperature.   Even though the temperature rise in the powders during milling could be 
large in a highly localized area, the highest global temperature rise reported is not more than 
about 200 K [98].  Since the crystallization temperatures of most Fe-based glasses are in the 
range of about 800 to 1000 K, it is most unlikely that the powder during milling has reached this 
high a temperature.  Further, it has been suggested that while room temperature milling can 
introduce nucleation sites for crystallization, annealing at elevated temperatures is required for 
observing the phenomenon of crystallization [203]. Therefore, the small temperature rise can be 
discounted as a possible reason for crystallization of the amorphous phase during milling. 
Powder contamination 
 The literature on MA contains several examples of impurity-stabilized crystalline phases, 
which have formed after the formation of the amorphous phase [95, 103, 198]. For example, 
formation of an FCC crystalline phase after the formation of an amorphous phase was reported in 
several titanium-based alloys [103]. This crystalline phase has subsequently been identified to be 
not the product of crystallization, but TiN, formed due to exposure of the titanium alloy powder 
to atmospheric contamination. Since it is noted that the amorphous phase in the Fe42Ge28Zr10B20 
powder mix (Fig. 5.1) and the Fe42Ni28Zr10C10B10 powder mix (Fig. 5.3) and other Fe-based 
amorphous alloy systems have crystallized into the expected equilibrium phases (solid solution 
and intermetallic phases), it can be safely assumed that the crystalline phase formed after the 
formation of the amorphous phase in the present case is not impurity-stabilized.  
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Inverse melting 
 Another possible reason of mechanical crystallization could be due to the phenomenon of 
inverse melting. This is a phenomenon, which was first reported in Ti-Cr alloys [204, 205], but 
later reported in several other systems also [206, 207].  In this process, heating of a 
homogeneous metastable BCC solid solution alloy, formed by MA, to higher temperatures 
produces an amorphous phase polymorphously.  On further heating to still higher temperatures, 
the glassy phase crystallizes into the BCC phase again, i.e., the phenomenon is reversible.  
However the conditions required for the occurrence of inverse melting (see ref. [157] for a 
detailed discussion) are not met in the present Fe-based alloys and therefore, this possibility 
could also be discounted.  
Basic thermodynamic considerations 
 Since the above possibilities could not satisfactorily explain the formation of a crystalline 
phase on continued milling of the powder after an amorphous phase had formed, the most likely 
mechanism that led to amorphization in the first instance and subsequent crystallization can be 
attributed to introduction of mechanical energy into the system and consequent relative 
thermodynamic stabilities of the different competing phases or phase mixtures.   
 Fig. 5.5 represents a schematic free energy versus composition diagram indicating the 
relative positions of the blended elemental powder mixture, amorphous, solid solution, and 
“intermetallics” phases.  (We have grouped all the possible intermetallic phases in these systems 
into “intermetallics”). In alloy systems with negative heat of mixing, the blended elemental 
powder mixture has obviously a high free energy (point 1).  Therefore, on MA, the blended 
powder mixture is expected to change into a more stable configuration to reduce its free energy. 
Thus, the α-Fe″ solid solution phase (point 2) containing all the solute elements is seen to be 
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forming on milling. Since MA introduces many crystal defects including vacancies, dislocations, 
grain boundaries, surfaces, and others, the milled powders can contain excess energy [99, 156].   
 
 
 
 
 
 
 
 
 
 
 
Figure 5.5: Hypothetical free energy vs. composition diagram to explain the mechanism of 
mechanical crystallization in the Fe42Ni28Zr10C10B10 system. Note that point 1 
represents the free energy of the blended elemental powders. Similarly, point 2 
represents formation of the α-Fe″ solid solution of all the alloying elements in Fe, 
point 3 formation of the homogeneous amorphous phase, point 4 a mixture of the 
amorphous phase with different solute content (amorphous’) than at “3”, and the 
solid solution α-Fe′, and point 5 is for the equilibrium situation when the solid 
solution and intermetallics coexist. 
 
It was clearly shown by us [145] earlier that intermetallics form in many of the Fe-based powder 
mixtures. And disordering of such intermetallics can also substantially increase the free energy 
of the system [162].  Hence, on continued milling the free energy of the crystalline phase 
increases to a level above that of the amorphous phase which results in the destabilization of the 
crystalline phase and the amorphous phase (point 3) begins to be stabilized. But, continued 
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milling leads to mechanical crystallization resulting in the formation of a solid solution or 
intermetallics co-existing with the remaining amorphous phase. Since primary crystallization has 
occurred, the Fe-solid solution will now have a composition different from that of the original α-
Fe″ solid solution; let us call this α-Fe′. This solid solution will now co-exist with the amorphous 
phase (amorphous′) which also has a different composition because of the precipitation of α-Fe′ 
from the original amorphous phase. Point 4 now represents the free energy of the mixture of 
amorphous′ and α-Fe′. The lowest free energy for the system will, however, correspond to a 
condition when a mixture of the equilibrium solid solution (α-Fe) and the intermetallics coexist.  
This situation is indicated by point 5 in the figure. 
5.4.3 Difference in the mechanical crystallization behavior of the two systems 
 Examination of Fig. 5.2 and 5.4 makes it clear that even though mechanical 
crystallization has occurred in both the alloy systems investigated, the nature of the crystalline 
phase(s) formed on further milling the amorphous powder is different.  A solid solution phase 
had formed in the Fe42Ge28Zr10B20 powder blend whereas intermetallic phases had formed in the 
Fe42Ni28Zr10C10B10 powder blend, as a result of crystallization of the amorphous phase.   
 Metallic glasses obtained by rapid solidification processing have been known to 
crystallize in three different modes [208, 209].  One of them is the polymorphous mode in which 
the glass transforms into a crystalline phase without a change in composition. The second of 
them is the eutectic mode in which the glassy phase transforms into a mixture of phases 
simultaneously. The third possibility is the primary mode in which a solid solution based on the 
solvent metal precipitates from the glassy phase.  The remaining glassy phase could subsequently 
transform into the equilibrium phases either by a polymorphous or eutectic mode.  Examples are 
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available to show that similar transformations occur in mechanically alloyed amorphous powders 
also [95, 99]. 
 Thus, one can say that primary crystallization had occurred in the Fe42Ge28Zr10B20 
powder blend whereas eutectic crystallization had taken place in the Fe42Ni28Zr10C10B10 powder 
blend.   Reasons for the differences in the crystallization modes could be related to either the 
composition of the amorphous phase and/or the conditions under which crystallization of the 
amorphous phase occurs.   
 Application of pressures during crystallization has been known to have an important 
effect on the crystallization mode, kinetics of crystallization, and the nature of the crystallization 
products [208-210]. The local pressure generated by the impact of steel balls on the powder 
during MA has been estimated to be in the range of 4-6 GPa [99, 211]. Because of the generation 
of these high pressures,  several high-pressure polymorphs have also been stabilized by MA of 
powders [99].   
 Let us now consider the effect of pressure on the crystallization behavior of amorphous 
phases.  The nucleation rate, at a temperature T, may be written down as: 
 ⎟⎠
⎞⎜⎝
⎛ ∆−=⎟⎠
⎞⎜⎝
⎛ ∆+∆−=
RT
GexpI
RT
EGexpII 0n0     (5.1) 
where ∆Gn is the activation energy for nucleation, ∆E is the diffusion activation energy, I0 is a 
constant and R is the gas constant.  ∆G = ∆Gn+∆E is defined as the nucleation energy, that 
determines the crystallization temperature of an amorphous alloy. ∆Gn can be expressed as:  
 2
ac
3
2
v
3
n )GG(3
16
G3
16G ∆−∆=∆=∆
πσπσ     (5.2) 
where σ is the interfacial energy between the amorphous alloy and its crystallization product 
phase, and ∆Ga and ∆Gc represent the molar Gibbs free energies for the amorphous alloy and the 
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corresponding crystalline phase, respectively. Using equations (5.1) and (5.2), Yao et al. [196] 
derived an expression relating the variation of ∆G with pressure at a fixed temperature as: 
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where va and vc are the molar volumes of the amorphous alloy and its crystalline counterpart, 
respectively. Since the amorphous phase contains more free volume, it may be assumed that vc < 
va and ∆Ga > ∆Gc. Thus, the first term in equation (5.3) represents the factor that promotes 
crystallization of the amorphous phase and the second term represents the factor that retards 
crystallization; the value represented by the second term decreases with increasing pressure. 
Therefore, higher pressures are expected to promote crystallization when an amorphous alloy 
transforms polymorphically into a single-phase intermetallic compound or supersaturated solid 
solution, where long-range diffusion is not required.   The increase of the diffusion activation 
energy with increasing pressure in this case is so small that the nucleation activation energy ∆G 
decreases with increasing pressure. However, pressure may retard crystallization of the 
amorphous alloy when it crystallizes in a eutectic mode, which requires long-range diffusion for 
atomic rearrangement to form new crystalline phases. In this case, the increase in the diffusion 
activation energy is so large that the nucleation energy ∆G increases with an increase in pressure. 
Therefore, the effects of pressure on crystallization depend on atomic diffusion vis-à-vis 
crystallization mode. 
 In our investigations, the amorphous Fe42Ge28Zr10B20 alloy has crystallized in the primary 
mode forming α-Fe solid solution, possibly with a composition different from the original solid 
solution phase that had formed in the early stages of milling. This conclusion was arrived at 
because of a slight difference in the lattice parameter of the solid solution phase.  On the other 
hand, in the case of the Fe42Ni28Zr10C10B10 alloy blend, the XRD plots (Fig. 5.2) indicate the 
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formation of amorphous′ (amorphous phase with a solute content different from the original 
blend that had amorphized, as a result of precipitation of some crystalline phases), solid solution 
and other equilibrium intermetallic phases.  The simultaneous formation of these phases suggests 
that the mode of crystallization in this alloy is possibly eutectic, and not polymorphic. Since in 
both the cases, long-range diffusion was needed to form the crystalline phases, we can conclude 
that the high pressure experienced by the powder during milling could not possibly explain the 
primary crystallization in the Fe42Ge28Zr10B20 powder blend, and the eutectic crystallization in 
the Fe42Ni28Zr10C10B10 powder blend.  
 Since the pressures generated in the powder during milling are the same irrespective of 
the nature of the powder, it could safely be concluded that the difference in the crystallization 
behavior of the amorphous phases are not due to pressure effects.  It is more probable that the 
composition of the five-component powder is closer to the eutectic composition in this complex 
system.  That is why the amorphous phase in this system has transformed in a eutectic mode.  
Since phase diagrams for such higher-order systems are not available, and also not easy to 
determine, this proposition cannot be proved; it is only a conjecture at this moment.    
 Since we have observed mechanical crystallization of amorphous phases synthesized 
from blended elemental powders by MA in different Fe-based alloy compositions, and in 
systems with different number of components, it leads us to believe that mechanical 
crystallization is perhaps much more common than it was earlier believed to be. Thus, it may be 
possible in all the Fe-based powder blends that become amorphous.  
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5.5 Conclusions 
 Mechanical alloying of Fe-based powders in the quaternary Fe42Ge28Zr10B20 and quinary 
Fe42Ni28Zr10C10B10 powder blends resulted in the formation of a solid solution and/or 
intermetallic phases in the early stages of milling. An amorphous phase formed at later stages of 
milling.  However, on continued milling beyond the formation of the amorphous phase, 
mechanical crystallization was observed in both the powder blends. Based on the composition of 
the starting powder blend, primary crystallization in form of α-Fe solid solution was noted in the 
Fe42Ge28Zr10B20 powder blend, and eutectic crystallization in the Fe42Ni28Zr10C10B10 powder 
blend.  Possible reasons for mechanical crystallization were discussed and it was concluded that 
the thermodynamic stabilities of the different competing phases are responsible for the observed 
transformations.  The chemical composition of the powder blends appears to be responsible for 
the difference in the crystallization behavior of the two powder blends.  
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CHAPTER 6:  
 CONSOLIDATION 
 
6.1 Introduction 
A standard metallurgical technique often used to prepare bulk materials is powder consolidation. 
Attempts have been made to synthesize bulk metallic glasses via different powder consolidation 
techniques. In order to retain the initial amorphous structure, the consolidation of amorphous 
powders should be done well below the crystallization temperature Tx. Consolidation of the 
amorphous powder was undertaken by four main techniques. Other than those, a newly 
developed technique of spark plasma sintering (SPS) has also been mentioned.  
6.2 Static hot pressing technique [212] 
 
In this technique, the consolidation of the powder is usually performed under at a very high 
pressure at an elevated temperature in the range of Tp<T<Tx for a long isothermal time. Here, Tp 
corresponds to the transition temperature from inhomogeneous deformation mode to 
homogeneous deformation mode and Tx is the crystallization temperature of the amorphous 
metallic powders. A compaction density of 95 % of theoretical density can be achieved with this 
method but the bonding of powders is weak. Thus, the resulting compacts have poor mechanical 
and magnetic properties.  
6.3 Quasistatic consolidation techniques (warm extrusion) [212] 
 
In this technique, heat is generated locally on the particle surfaces by deformation and sliding of 
the particles over each other. Thus, the temperature on the surfaces may exceed Tg and an 
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efficient friction weld is produced to form the bond between the particles. Meanwhile the inner 
part of the particles remains relatively cold and can serve as the cooling sinks to quench the 
interface melted bond zones. Here, the densification and bonding of the particles are better than 
the previous technique, however the bonding strength is unsatisfactory for the industrial 
application.  
6.4 Dynamic consolidation technique (explosive compaction methods) [213] 
 
In this technique, a shock wave is sent through the powder. The work of deformation heats the 
powder heterogeneously. The more deformed regions may reach the melting temperature Tm and 
the less deformed region attains much lower temperatures. Following the passage of the shock 
wave, the cooler regions serve as heat sinks for the melted regions. If this energy balance is 
optimized, the hotter regions cool sufficiently fast to solidify back into the amorphous phase. 
6.5 Hot pressing  
 
This technique is based on the fact that amorphous alloys can be undercooled without 
crystallization at the temperature range from glass transition temperature, Tg to the crystallization 
temperature, Tx. In the supercooled liquid region amorphous alloys soften and it is helpful for 
their consolidation. Here, the powder is exposed to high pressure and temperature at the same 
time. The pressure is limited by the type of die being used, whereas temperature range is decided     
based on Tg and Tx. In comparison to the various compaction processes this technique seems to 
be the only one that can produce compacts for industrial applications. 
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6.6 Spark plasma sintering (SPS) 
 
SPS is a novel sintering technique which is also known as Field assisted sintering technique or 
Pulsed electric current sintering. The main characteristic of SPS is that the pulsed DC current 
directly passes through the graphite die and the powder compact (in case of conductive samples). 
This facilitates a very high heating or cooling rate, hence fast sintering. It has the potential of 
densification of nano-sized powders without grain coarsening. It has been experimentally 
verified that densification is enhanced by the use of pulsed DC current. 
6.7 Results 
In this study we decided to use Hot pressing and Spark plasma sintering consolidation techniques 
for compacting the powders into bulk form.    
a) Hot pressing:  
The results and parameters obtained during consolidation have been tabulated in Table 6.1. The 
technique uses an evacuated furnace inside which high carbon steel die is used to compress the 
alloy powder. Maximum pressure applied can be up to 10 kpsi. However it was restricted to 8 
kpsi, from safety point of view.  
Table 6.1:  The consolidation parameters with obtained porosity in various compositions. 
 
System Temp ( 0C) Holding Time (h) Pressure
  (Psi) 
Density 
(g/cc) 
Open 
Porosity (%)
Fe42Ni28Zr10C10B10 800 1 8000 6.34 10.29 
Fe42Ni28Zr10C10B10 900 1 8000 7.12 1 
Fe42Ni28Zr10C10B10 450 1 8000 4.84 31 
Fe42Ni28Zr10C10B10 350 15 8000 5.01 34 
Fe42Ni28Zr10C10B10 350 1 8000 4.68 33 
Fe42Al7Ni21Zr10B20 900 1 8000 6.67 2 
Fe42Al7Ni21Zr10B20 350 1 8000 4.01 39 
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Fe42Al7Ni21Zr10B20 450 1 8000 4.34 38 
 
 
From the table the most well compacted samples are seen to have the least open porosity. The 
samples are shown in Fig. 6.1. However we need to realize here that, the compacted samples 
have been heated to temperatures beyond Tg, since glass transition temperature was found to be 
around 300 to 400 0C. Samples heated above Tg, but below Tx will still be amorphous –  
supercooled liquid region. However, in our case the samples will be having dispersion of 
crystalline phase along with the amorphous matrix. 
 
 
 
 
 
 
 
 
 
 
 
Figure 6.1: a) and b) Show the top and side view of the samples with 1% (A), 10.29% (B) and 2 
% (C) porosity, respectively. 
 
 
b) Spark plasma sintering:   
The technique involves exposing the powder at high pressure and required temperature similar to 
hot pressing technique; however in latter the heating is due to resistance to pulse current passing 
through the sample. The parameters used for consolidation are given in table 6.2. 
B CA A B C
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Table 6.2: Consolidation parameters and measured open porosity. 
 
Composition Temp. (°C) 
Holding time 
(min) 
Pressure 
(MPa) 
Density 
(g/cc) 
Open porosity 
(%) 
Fe42Ni28Zr8Nb2B20 345 10 70 4.36 31.47 
Fe42Ni28Zr8Nb2B20 370 10 70 4.49 20.85 
Fe42Ni28Zr8Nb2B20 400 10 70 4.58 15.31 
 
 
   
 
 
 
 
 
Figure 6.2: a) and b) Show the top and side view of the samples, respectively. Where the 
sintering temperature of A = 345 °C, B = 370 °C and C = 400 °C. 
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CHAPTER 7:  
 SUMMARY AND FUTURE WORK 
Metallic glasses have interesting combination of physical, chemical, mechanical, and magnetic 
properties which make them attractive for a variety of commercial applications.  Consequently 
there has been lot of interest in understanding the structure and properties of these materials.  
The glass-forming ability (GFA) of alloys can be substantially increased by proper choice of 
number, type and the composition of alloying elements. High GFA will enable in obtaining large 
section thickness of amorphous alloys. Ability to produce glassy alloys in larger section 
thicknesses enables exploitation of these advanced materials for a variety of different 
applications.   
It has not been possible to obtain large section thicknesses in bulk metallic glasses of Fe-
based alloy systems through the solidification route. The largest rod diameter obtained in Fe-
based BMG′s is only about 16 mm, where as the largest diameter of 72 mm that has been 
achieved in BMG′s is in a Pd-10 at.% Ni-30 at.% Cu-20 at.% P alloy. 
The technique of mechanical alloying (MA) is a powerful non-equilibrium processing 
technique to produce glassy alloys in several systems. Metallic amorphous alloys have been 
produced by MA starting from either blended elemental metal powders or pre-alloyed powders.  
Subsequently, these amorphous alloy powders could be easily consolidated to full density in the 
temperature range between the glass transition temperature and the crystallization temperature, 
where the amorphous phase has a very low viscosity. Based on the above facts, MA technique 
was employed extensively to understand the amorphization in Fe-based alloy compositions. 
During the course of this study, emphasis was given on glass forming ability and structural 
changes on amorphization.  
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 The first chapter dealt with the history and development of bulk metallic glasses. The 
basics of amorphization and glass forming ability were been briefly discussed. Emphasis has 
been put on Fe-based metallic and bulk-metallic glasses. The chapter also dealt with various 
production techniques of metallic glasses, with special mention on solid state amorphization and 
mechanical alloying technique and properties of Fe-based BMG’s. It ends with a brief mention 
on characterization techniques employed for the various studies. 
 Second chapter brought out the effect of intermetallics on GFA. The study established a 
criterion for predicting amorphization in Fe-based alloy system based on equilibrium phase 
diagrams. The findings are based on quaternary system of Fe42M28Zr10B20 (M = Ni, Al, Ge, Co, 
Sn, Mn). It was observed that more the number of intermetallics in the equilibrium phase 
diagram of binary system of the components, higher the GFA of the system. Also systems 
showing presence of solid solutions at room temperature resisted amorphization. The alloy 
system containing Ge, although with lesser number of intermetallics displayed an exceptional 
ability to amorphize. The reasons for amorphization were discussed in the chapter. 
 In the third chapter the effect of Nb addition on GFA was discussed. It was seen that with 
addition of Nb the milling time required to amorphize reduced in Fe-Ni-Zr-B-Nb system. 
However the improvement in GFA was observed between 2 to 4 at. % Nb. GFA deteriorated 
when, 6% Nb was added. Another noteworthy observation of lattice contraction during 
amorphization was discussed in this chapter. Based on Egami’s and Miracle’s models of metallic 
glasses, the occurrence of lattice contraction has been explained. The point to be noted in this 
study is that the contraction of lattice did not correspond to beginning or completion of 
amorphization. The indicator of contraction i.e., shift of (110)Fe peak to higher 2-Theta values, in 
the diffraction pattern is seen to be occurring during amorphization. However the concepts of 
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volumetric strain and change in coordination number of solute centered clusters, of the respective 
models were able to explain the occurrence. 
The fourth chapter dealt with the effect of carbon addition on GFA.  This study was 
important from the consolidation point of view. Since during hot pressing of amorphous 
powders, carbon dies are employed, and carbon pick-up by the powder compact is inevitable. 
Thus it was necessary to study and validate the effect of carbon on GFA. The GFA of some 
mechanically alloyed Fe-based alloy systems was improved by the addition of carbon. It is also 
seen that the amount of carbon could be increased to as high as 10 at.% without any negative 
effect on glass formation. Alloy systems with the composition Fe42Ni28Zr10C10B10 and 
Fe42Al28Zr10C10B10 showed an improvement in GFA which was indicated by the shorter milling 
times (in contrast to the quaternary systems without carbon) required for amorphization. On the 
other hand, the alloy composition containing Ge (Fe42Ge28Zr10C10B10) showed a drastic decrease 
in GFA with the carbon addition, and no amorphous phase formation was noted. The role of 
carbon addition was attributed to the atomic size effects, its positive heat of mixing with some 
constituent elements and metal-mediated crystallization which occurs in the system containing 
Ge. 
 The fifth chapter discussed the phenomenon of mechanical crystallization which is much 
different from thermal crystallization. Mechanical alloying of Fe-based powders in the 
quaternary Fe42Ge28Zr10B20 and quinary Fe42Ni28Zr10C10B10 powder blends resulted in the 
formation of a solid solution and/or intermetallic phases in the early stages of milling. An 
amorphous phase formed at later stages of milling.  However, on continued milling beyond the 
formation of the amorphous phase, mechanical crystallization was observed in both the powder 
blends. Based on the composition of the starting powder blend, primary crystallization in the 
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form of α-Fe solid solution in Fe42Ge28Zr10B20 powder blend, and eutectic crystallization in 
Fe42Ni28Zr10C10B10 powder blend was noted.  Possible reasons for mechanical crystallization 
were discussed and it was concluded that the thermodynamic stabilities of the different 
competing phases are responsible for the observed transformations.  The chemical composition 
of the powder blends appeared to be responsible for the difference in the crystallization behavior 
of the two powder blends.  
 In the concluding chapter the results on consolidation of amorphous powders was 
discussed. The techniques used to compact the powders were “Hot Pressing” and “Spark plasma 
sintering”. The results of Hot Pressing were presented in the chapter. The parameters used have 
been tabulated. However, due to lack of bonding of the powder compact, the temperature for 
compaction had to be kept on the higher side (higher than the crystallization temperature). Thus, 
the compacted samples are partially crystalline and can be considered as a composite bulk 
material. Similarly, the results of SPS have been tabulated. 
 Finally from this study it can be stated that mechanical alloying no doubt is a very 
effective technique to manufacture amorphous powders. Several Fe-based systems have been 
amorphized and different ways to improve the GFA has also been demonstrated. However it has 
to be understood that the consolidation method has to be chosen in such a way that compaction at 
high pressure and temperature can be undertaken within the glass transition and first 
crystallization temperature. In future the crystallization study of amorphous compositions can be 
taken up with the help of high temperature DSC. The study will reveal some interesting kinetic 
data of amorphous systems via MA technique.  Compositions being Fe-based, magnetic and 
mechanical characterization will also be an interesting endeavor to understand amorphous alloy 
systems. The variation of these properties with change in GFA will reveal some interesting 
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aspects of controlling the properties of amorphous alloy with solute addition. The study on lattice 
contraction can be further researched by employing some advanced techniques like Mössbauer 
spectroscopy/ EXAFS (Extended X-ray absorption fine structure/ SEXAFS (Surface extended X-
ray absorption fine structure) etc., where the local environment can be penetrated and further 
tangible scientific information on structural change during amorphization can be revealed. 
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